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Polymer-based and Polymer-filled Nanocomposites

Linda S. Schadler

2.1

Introduction

Polymer composites are important commercial materials with applications that in-
clude filled elastomers for damping, electrical insulators, thermal conductors, and
high-performance composites for use in aircraft. Materials with synergistic properties
are chosen to create composites with tailored properties; for example, high-modulus
but brittle carbon fibers are added to low-modulus polymers to create a stiff, light-
weight composite with some degree of toughness. In recent years, however, we
have reached the limits of optimizing composite properties of traditional micro-
meter-scale composite fillers, because the properties achieved usually involve compro-
mises. Stiffness is traded for toughness, or toughness is obtained at the cost of optical
clarity. In addition, macroscopic defects due to regions of high or low volume fraction
of filler often lead to breakdown or failure.
Recently, a large window of opportunity has opened to overcome the limitations of

traditional micrometer-scale polymer composites – nanoscale filled polymer compo-
sites – in which the filler is<100 nm in at least one dimension (Figure 2.1). Although
some nanofilled composites (carbon black [1] and fumed silica [2, 3] filled polymers)
have been used for more than a century, research and development of nanofilled poly-
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mers has greatly increased in recent years, for several reasons. First, unprecedented
combinations of properties have been observed in some polymer nanocomposites [4].
For example, the inclusion of equi-axed nanoparticles in thermoplastics, and particu-
larly in semicrystalline thermoplastics, increases the yield stress, the tensile strength,
and Young’s modulus [5] compared to pure polymer. A volume fraction of only 0.04
mica-type silicates (MTS) in epoxy increases the modulus below the glass transition
temperature by 58% and the modulus in the rubbery region by 450% [6]. In addition
[7], the permeability of water in poly(e-caprolactone) decreases by an order of magni-
tude with the addition of 4.8% silicate by volume. Yano et al. [8] showed a 50%
decrease in the permeability of polyimides at a 2% loading of MTS. Many of these
nanocomposites are optically transparent and/or optically active.
A second reason for the large increase in research and development efforts was the

‘discovery’ of carbon nanotubes in the early 1990s [9]. Although more careful review
has shown that nanotubes have been observed since the 1960s [10], it was only in the
mid-1990s that they were made in the quantities required for property evaluation of
composites. The properties of these carbon nanotubes, particularly strength and elec-
trical properties, are significantly different from those of graphite and offer exciting
possibilities for new composite materials.
Third, significant development in the chemical processing of nanoparticles and in

the in situ processing of nanocomposites has led to unprecedented control over the
morphology of such composites. It has also created an almost unlimited ability to
control the interface between the matrix and the filler.
Thus, this is an exciting time to study nanocomposites, because of the unique com-

binations of properties that are achievable and because of the high potential for suc-
cessful commercial development. Although the technical community has made ad-
vances in the processing of nanocomposites, we are just beginning to assemble
the interdisciplinary teams required to understand, tailor, and optimize properties.
We have at our fingertips, however, the ability to change the size, shape, volume frac-
tion, interface, and degree of dispersion or aggregation. Thus, the opportunities may
well become limitless when theory and experiment have assembled enough informa-
tion to guide further development.
A relevant question addressed throughout this chapter is: What is unique to nano-

fillers compared to micrometer-scale traditional fillers, and how do the composites
compare to their macroscopic counterparts? The most obvious difference is the small
size of the fillers. For example, very small nanoparticles do not scatter light signifi-
cantly, and thus it is possible to make composites with altered electrical or mechanical
properties that retain their optical clarity. In addition, the small size means that the
particles do not create large stress concentrations and thus do not compromise the
ductility of the polymer. A similar concept applies for electrical breakdown strength.
The small size of nanofillers can also lead to unique properties of the particles them-

selves. For example, single-walled nanotubes are essentially molecules, free from de-
fects, and have a modulus as high as 1 TPa and strengths that may be as high as 500
GPa. Single-crystal particles that are optically active, but are unmanageable on the
macro scale can be combined in a polymer to achieve the optical gain of the material
and the ease of processing afforded by the polymer.
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In addition to the effect of size on particle properties, the small size of the fillers
leads to an exceptionally large interfacial area in the composites. Figure 2.2a shows the
surface area per unit volume as a function of particle size for spherical particles that are
ideally dispersed. The increase in surface area below 100 nm is dramatic. The interface
controls the degree of interaction between the filler and the polymer and thus controls
the properties. Therefore, the greatest challenge in developing polymer nanocompo-
sites may be learning to control the interface. Thus, it seems relevant to define the
interfacial region and discuss its properties.
As defined in traditional composites, the interfacial region is the region beginning at

the point in the fiber at which the properties differ from those of the bulk filler and
ending at the point in the matrix at which the properties become equal to those of the
bulkmatrix [11]. It can be a region of altered chemistry, altered polymer chainmobility,
altered degree of cure, and altered crystallinity. Interface size has been reported to be
as small as 2 nm and as large as about 50 nm. Figure 2.2b shows interparticle spacing
as a function of particle size for an ideally dispersed nanoparticle composite: at low
volume fractions the entire matrix is essentially part of the interfacial region. For ex-
ample, for 15-nm particles at a filler loading of 10 vol %, the interparticle spacing is

Fig. 2.2 (a) Surface area per unit volume vs. particle size for spherical particles

that are ideally dispersed, and (b) interparticle distance for spherical particles

that are ideally dispersed (Thanks to B.J. Ash for preparation of this figure)
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only 10 nm. Even if the interfacial region is only a few nanometers, very quickly the
entire polymer matrix has a different behavior than the bulk. If the interfacial region is
more extended, then the polymer matrix behavior can be altered at much smaller
loadings. Therefore, by controlling the degree of interaction between the polymer
and the nanofiller, the properties of the entire matrix can be controlled.
To implement the novel properties of nanocomposites, processing methods that

lead to controlled particle size distribution, dispersion, and interfacial interactions
are critical. Processing technologies for nanocomposites are different from those
for composites with micrometer-scale fillers, and new developments in nanocompo-
site processing are among the reasons for their recent success.
This chapter highlights what we feel are important concepts for understanding and

developing polymer nanocomposites. We start with a description of nanotube or na-
nofiber fillers, plate-like fillers, and equi-axed fillers. We then introduce the interfacial
region and attempt to give a broad understanding of how to control it, without delving
too deeply into the chemistry involved. This is followed by a section on the processing
of composites. Finally, we describe some of the properties that have been achieved in
nanofilled polymer composites.

2.2

Nanoscale Fillers

Nanoscale fillers come in many shapes and sizes. For ease of discussion, we have
grouped nanofillers into three categories (Figure 2.1). Fiber or tube fillers have a dia-
meter <100 nm and an aspect ratio of at least 100. The aspect ratios can be as high as
106 (carbon nanotubes). Plate-like nanofillers (Figure 2.1) are layered materials typi-
cally with a thickness on the order of 1 nm, but with an aspect ratio in the other two
dimensions of at least 25. Three dimensional (3D) nanofillers are relatively equi-axed
particles <100 nm in their largest dimension. This is a convenient way to discuss
polymer nanocomposites, because the processing methods used and the properties
achieved depend strongly on the geometry of the fillers.

2.2.1

Nanofiber or Nanotube Fillers

2.2.1.1 Carbon Nanotubes

Micrometer-size carbon tubes, which are similar in structure (but not in dimensions)
to the recently discovered multi-walled carbon nanotubes, were first found in 1960 by
Roger Bacon [12]. These nanosized, near-perfect whiskers (termed nanotubes) were
first noticed and fully characterized in 1991 by Sumio Iijima [9] of NEC Corporation in
Japan. He was investigating the surface of carbon electrodes used in an electric arc-
discharge apparatus that had been used to make fullerenes. Several exciting develop-
ments have taken place in this field since then, and several books document recent
progress [13].
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The first nanotubes observed were multi-walled nanotubes (MWNT). MWNTs con-
sist of two or more concentric cylindrical shells of graphene sheets coaxially arranged
around a central hollow core with interlayer separation as in graphite (0.34 nm) [14]. In
contrast, single-shell or single-walled nanotubes [15, 16] (SWNT) are made of single
graphene (one layer of graphite) cylinders and have a very narrow size distribution (1–
2 nm). Often many (tens) single-shell nanotubes pack into larger ropes. Figure 2.3
shows electron micrographs of SWNT and MWNT. Both types of nanotubes have
the physical characteristics of solids and are microcrystals, although their diameters
are close to molecular dimensions. In nanotubes, the hexagonal symmetry of the car-
bon atoms in planar graphene sheets is distorted, because the lattice is curved and
must match along the edges (with dangling bonds) to make perfect cylinders. This
leads to a helical arrangement of carbon atoms in the nanotube shells. Depending
on the helicity and dimensions of the tubes, the electronic structure changes consid-
erably [17, 18]. Hence, although graphite is a semi-metal, carbon nanotubes can be
either metallic or semiconducting. Nanotubes are closed by fullerene-like end caps
that contain topological defects (pentagons in a hexagonal lattice). The electronic char-
acter of the ends of these tubes differs from the cylindrical parts of the tubes and is
more metallic, due to the presence of defects in these regions [19].
The discovery of nanotubes has complemented the excitement and activities asso-

ciated with fullerenes [20]. Although fullerenes have fascinating physical properties,
their relevance in the nanocomposite field is limited, so we shall restrict our discussion
of carbon nanostructures to nanotubes.

Fig. 2.3 (a) HRTEM image showing the SWNT in bundles, (b) HRTEM images of a

MWNTalong its length and at the end, (c) schematic showing two examples of the helicity

that occurs, zigzag and armchair
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The properties of carbon nanotubes are unique compared to other graphite fibers.
Their structure remains distinctly different from that of traditional carbon fibers [21],
which have been used industrially for several decades (e.g., as reinforcements in tennis
rackets, airplane body parts, and batteries). Nanotubes represent the ideal, most per-
fect, ordered carbon fiber, the structure of which is entirely known at the atomic level.
Table 2.1 shows measured and theoretical properties of both SWNT and MWNT. A
nice review of the mechanics of nanotubes was recently published [22]. The mechan-
ical properties reported in Table 2.1 were determined directly on nanotubes by using
various methods of loading with an AFM. Salvetat et al. [23] were able to place SWNT
ropes across a silicon bridge and bend them using an AFM tip. They found that the
modulus decreased dramatically as the size of the bundle increased (Figure 2.4). Wal-
ters et al. [24] did a similar study and measured the complete stress–strain curve. The
modulus of an SWNT rope, which, at this point for composites, is the relevant form of
SWNT, was low at small strains and increased at higher strains. As further support of
this, Wood et al. [25] found similar results with a more indirect measurement of the
stress–strain curve. Because individual SWNTs are theorized to have a modulus as
high as 1 TPa, this low modulus of larger ropes at low strains implies that slippage
occurs between the individual nanotubes within the rope. The mechanics of this are
not clear, but may be similar to that of rope mechanics [26]. If so, individual strands
can slip until they are tightly packed, and then there is large friction between them;
only then is the modulus of the individual fibers evident. When SWNT ropes were
pulled directly by two AFM tips [27], a realistic modulus for the individual tubes
within the bundle was achieved only if the SWNT in contact with the tips were

Tab. 2.1 Theoretical and experimentally measured properties of

carbon nanotubes.

Property Nanotubes Graphite

Lattice structure (Cylindrical) hexagonal lattice helicity

Nanotubes: ropes, tubes arranged in

triangular lattice with lattice parameters of

a = 1.7 nm, tube– tube distance = 0.315

Planar hexagonal, plane-to-

plane distance c = 0.335

Specific gravity 0.8–1.8 g cc-1 (theoretical) 2.26 g cc-1

Elastic modulus �1 TPa for SWNT

�0.3–1 TPa for MWNT

1 Tpa (in-plane)

Strength 50–500 GPa for SWNT, 10–60 GPa for MWNT

Resistivity �5–50 micro-ohm-cm 50 (in-plane)

Thermal conductivity 3000 W m-1K-1 (theoretical) 3000 W m-1K-1 (in-plane)

6 W m-1K-1 (c axis)

Thermal expansion Negligible (theoretical) –1 � 10-6 K-1 (in-plane)

29 � 10-6 K-1 (c axis)

Oxidation in air >700 8C 450–650 8C
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counted as the cross sectional area. If the whole rope was used to determine the cross
sectional area, themodulus wasmuch lower. The important implication of this finding
is that the modulus of SWNT can be realized only when the SWNT are isolated from

Fig. 2.4 A plot of modulus vs.

SWNT rope diameter showing

the decrease in the modulus of

SWNT ropes as a function of

rope diameter. This highlights

the poor load transfer between

the SWNT within the rope and

the need for separating SWNT

from the ropes for use in com-

posites. Reprinted with permis-

sion from [23] copyright 1999,

American Phyiscal Society

Fig. 2.5 Stress vs. strain curves for MWNT. The variation in the curves is

partially a function of the difference in MWNT diameter. Reprinted with per-

mission from [28]
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the bundles and/or the bundles are small enough that matrix is in contact with each
one.
The most direct measurement of the mechanical properties of MWNT was con-

ducted by Yu et al. [28] using two AFM tips (Figure 2.5). They found a range of mod-
ulus and strength. The range inmodulusmay again be due to difficulty in determining
the cross sectional area. Failure occurred via a sword-and-sheath mechanism (tele-
scoping) first observed by Wagner et al. [29] (Figure 2.6), implying that only the out-
ermost nanotube is carrying the load and the rest are slipping inside. Therefore, a
smaller cross sectional area may be required for appropriate calculations of the mod-
ulus. Thus, the variability in the number of layers in an MWNT probably accounts for
the broad scatter in the modulus (Table 2.1). The important implication of this in
composites, however, is that MWNT do not have the high modulus that is achievable
with isolated SWNT. MWNT do have reversible deformation in compression, which
may prove useful. Bower et al. [30] showed that MWNTs buckle under a compressive
strain of about 4.7% and that this buckling is reversible under very large strains, prob-
ably due to the ability of the nanotubes to slide within each other.
The fracture and deformation behavior of nanotubes is intriguing. Simulations have

shown that highly deformed nanotubes switch reversibly into different morphological
patterns with an abrupt release of energy. Nanotubes become flattened, twisted, and
buckled as they deform [31]. They sustain large strains (40%) in tension without show-
ing signs of fracture. These changes in deformation modes, such as buckling, have
been recorded by TEM. The flexibility is related to the in-plane flexibility of the planar
graphene sheet and the ability of the carbon atoms to rehybridize, with the degree of
sp2–sp3 rehybridization depending on the strain. Such nanotube flexibility under me-
chanical loading is important for their potential application as nanoprobes and in na-

Fig. 2.6 Transmission electron

micrographs showing the tele-

scopic failure that can occur in

MWNT. Reprinted with permis-

sion from [29] copyright 1998,

American Institute of Physics
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nocomposites. This behavior also offers an advantage against breakdown that could
occur during composite processing.
In addition to the deformation mechanics described, new modes of plastic behavior

have been predicted in nanotubes at higher temperatures (relevant to nanotube/cera-
mic composites, for example). Pairs of a 5–7 pair defect, called a Stone–Wales defect
in sp2 carbon systems, are created at high strains in the nanotube lattice and become
mobile. Such mobility leads to a step-wise size reduction (localized necking) of the
nanotube. It also introduces changes in helicity in the region where the defects
have moved (similar to a change in lattice orientation where a dislocation passes
through a crystal) [32].
High-temperature fracture of individual nanotubes under tensile loading has been

studied by molecular dynamics simulation. Elastic stretching elongates the hexagons
until, at high strain, some bonds are broken. The local defect is then redistributed over
the entire surface by bond saturation and surface reconstructions. The final result of
this process is that instead of fracturing, the nanotube lattice unravels into a linear
chain of carbenes (carbon atoms linked by double bonds into a chain) [31]. Such be-
havior is unusual in crystals. It could play a role in increasing the toughness of na-
notube-filled ceramic composites during high-temperature loading by increasing the
energy absorbed during deformation.
The electrical properties of nanotubes are also unique. Calculations have predicted

that all thearmchair tubes (Figure2.3c) aremetallic,whereaszigzagandhelical tubesare
eithermetallic or semiconducting [33]. The electronic conduction process in nanotubes
is unique because the electrons are confined in the radial direction in the singular plane
of the graphene sheet. Conduction in the armchair (metallic) tubes occurs through
gapless modes, because the valence and conduction bands always cross each other
at the Fermi energy [34]. In most helical tubes that contain a large number of atoms
in the unit cell, the 1D band structure shows an opening of the gap at the Fermi energy,
lending it semiconducting properties. This unique electronic behavior occurs only in
small nanotubes. As the diameter of the tubes increases, the band gap (which varies
inversely as the tube diameter) tends toward zero, yielding a zero-gap semiconductor
that is equivalent to theplanargraphenesheet [35]. InanMWNT, theelectronic structure
of the smallest inner tubes is overshadowed by the outer, larger, planar, graphene-like
tubes. Experiments in which the band structure obtained from individual MWNT
resembles that of graphite substantiate this phenomenon. In a later section, discussion
of the electrical conduction and optical properties of nanotube-filled polymer compo-
sites demonstrates the electronic importance of nanotube properties.

2.2.1.2 Nanotube Processing

The best methods to date for producing ideal nanotubes are based on the electric-arc
and laser-ablation processes [36]. The material prepared by these techniques has to be
purified by tedious chemical separation methods. Not one of these techniques is sui-
table for producing the quantities needed for industrial applications (e.g., in compo-
sites). In addition, this barrier has hindered research and development. In recent
years, work has focused on developing chemical vapor deposition techniques using
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catalyst particles and hydrocarbon precursors to grow nanotubes [37]. In the past, such
techniques were used to produce large quantities of hollow nanofibers of carbon. The
drawback of catalytic CVD-based nanotube production is the inferior quality of the
structures, which contain gross defects (twists, tilt boundaries, etc.), particularly be-
cause the structures are created at much lower temperatures (600–1000 8C) compared
to the arc or laser process (�2000 8C).
However, recently a major breakthrough has resulted in the efficient production of

single-walled nanotubes by what is called a HiPCO process [38]. The technique, devel-
oped at Rice University, has become the main source for commercially available high-
purity SWNT in gram quantities. The technique uses the high-pressure (several atmo-
spheres) disproportionation of CO gas in the presence of iron carbonyl catalyst vapor
[39]. The plan proposed by the Rice group is to produce nanotubes in pound quantities
by the year 2005 at a reasonable price (a few dollars per gram). Nanotubes obtained by
this method are greater than 80% pure by weight, and the 20% impurity consists
principally of iron particles from the catalyst. These particles should not have
much effect on the mechanical properties of nanotubes when used as filler but could
certainly have effects on their electrical, magnetic, and optical properties.
In his first experimental report, Iijima [9] showed MWNT sticking to the ends of

graphite electrodes that were used in the production of fullerenes. Fullerenes are
formed in the vapor phase from the evaporation of graphite electrodes. MWNT are
formed on the cathode surfaces used in such soot generation. A year after the discov-
ery of MWNT, it was found that, if conditions are right, the evaporated carbon can be
made to condense continuously on the cathode surface as a cigar-shaped deposit. This
builds up into a boule a few centimeters long, made of a graphite shell packed with
nanotubes and other forms of closed graphite nanoparticles [40]. The technique is
similar to what Roger Bacon used almost 30 years ago to generate large (micrometer
size) arc-grown carbon whiskers, although he used very different conditions in his
experiment. The method is similar to the Kratschmer–Huffman method of generat-
ing fullerenes [41]. To generate MWNT, a dc arc is normally used (with a modest
voltage of 20 V and currents of <100 amp) in an inert atmosphere of 500 torr he-
lium. Surprisingly, such perfect structures as nanotubes self-assemble in the plasma
created in the interelectrode region, where the temperature is close to 3500 8C. The
time scale for formation of these nanostructures is extremely short; a MWNT 5 nm in
diameter and 1000 lm long grows in about 10-4 s [42].
The inside of the deposit formed in the electric arc-discharge contains a highly por-

ous network of randomly oriented MWNT structures that are organized on a macro-
scopic scale into pencil-like columns aligned in the axial direction of the deposit.
Although MWNT grown by the electric-arc method has so far been the most perfect
in terms of structure and properties, the technique suffers from drawbacks. Being a
batch process limits the amount of material that can be produced, and the material in
the deposit contains substantial amounts of nanoparticles that have polyhedral shapes
and are low in aspect ratio. Several parallel attempts to make nanotubes through cat-
alytic vapor deposition have overcome some of the problems of the arc process. In
general, catalytic metal particles are exposed to a medium containing gaseous hydro-
carbon species. Nanofibrils (twisted hollow fibers) are formed [43]. One good example
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is the Hyperion fibers that have been in commercial use for some time [44]. Control-
ling the size of the catalyst seed has enabled achieving uniformity in the size of the
fibers. The process can be scaled to produce large amounts of material. In some cases,
when the catalysts are prefabricated into patterned arrays, well-aligned nanotube as-
semblies are produced (Figure 2.7) [45]. Similarly, template-based approaches are also
in use: the aligned pores of a nanoporous membrane (such as electrodeposited porous
alumina) are filled with carbon species through vapor deposition and later graphitized
to produce nanotubes. The templatemembrane is removed to obtain aligned nanotube
arrays [46, 47].
Single-walled nanotubes are made with a combination of catalyst and dense carbon

vapor. Both are simultaneously introduced into an inert atmosphere by an electric arc
[48] or through laser ablation [49]. In the former, the setup is similar to that used for
MWNT synthesis, but a hole is drilled in the anode and packed with a mixture of the
metal catalyst and graphite powder. Several metals and combinations of metals have
been used to obtain good yield of nanotubes. The best so far consists of a mixture of Ni
and Y with graphite in a 15:5:80 weight ratio. When the electric arc is struck with such
a modified electrode, spectacular growth occurs in the reaction vessel, which becomes
decorated with a network of webs that contain SWNT. Upon closer look, the webs
contain ropes of nanotubes that consist of tens of SWNT (Figure 2.8). The maximum
density of nanotubes is seen in the product that grows around the cathode like a collar,
which consists of>50%wt. nanotubes. The rest of the carbon soot contains fullerenes,
partially graphitized carbon (glassy carbon), amorphous carbon, and finely distributed
catalyst particles. In the laser-ablation technique, a metal (Ni-Co) containing a small
percentage (<1% wt.) of graphite target placed in an oven is ablated with a strong laser
pulse under an inert atmosphere. A felt of nanotube material is generated and is col-
lected onto a water-cooled target by forced gas flow. Using two coordinated laser pulses
breaks down the carbon formation better, producing a very high yield of nanotubes,
with >90% of the collected material being SWNT.

Fig. 2.7 Scanning electron mi-

crographs showing MWNT

grown by catalytic vapor depo-

sition onto catalysts prefabrica-

ted into patterned arrays resul-

ting in well aligned nanotube

assemblies
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2.2.1.3 Purity

Nanotubes consisting of large impurity fractions are not useful for either laboratory
studies or composite manufacture. For example, MWNT processed by the arc-dis-
charge method have a significant volume fraction of other carbonaceous materials.
In addition, they may contain a high content of scrolled layers instead of nano-
tubes. Figure 2.9a shows typical material as produced. Because the extra carbonaceous
material and catalyst can play a significant role in determining the composite’s proper-
ties, they must be removed. In addition, we still need better control in manipulating
(slicing, joining, and making larger structures from nanotube building units) nano-
tubes, especially through generalized approaches such as chemistry.
Nanotubes are insoluble, and hence all the purification procedures must use filtra-

tion-based techniques. As a result, the nanotube products can never be as pure as, for
example, fullerenes. All purification procedures follow certain essential steps: preli-
minary filtration to get rid of large graphite particles, dissolution to remove fullerenes
(in organic solvents) and catalyst particles (in concentrated acids), microfiltration, set-
tling, and chromatography to separate MWNT and nanoparticles or SWNT from the
amorphous carbon impurities [50]. Nanotubes must be kept separated when in sus-
pension and are typically dispersed with a surfactant (e.g., sodium dodecyl sulfate)
prior to the last stage of separation. Some reports claim that SWNT samples with

Fig. 2.8 Scanning electron micrograph showing SWNT grown by a catalyzed arc-discharge method

(a)      (b)       (c)

Fig. 2.9 Scanning electron Micrographs showing the purity of MWNT (a) as received MWNTproduced by

arc-discharge, (b) purified MWNT, (c) MWNT grown by CVD
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>99% purity can be made by repeating some of these steps [51]. Recent efforts [52] to
use size-exclusion chromatography have yielded good separation between nanotubes
and nanoparticles. Curran et al. [53] achieved a 20% yield by using toluene. Oxidation
of any remaining carbonaceous material in a 600 8C oven [54] can follow. Figure 2.9b
shows the purity that can be obtained with this method, but the yield is very low [55].
Other oxidation methods, such as plasma or acid oxidation, work but damage the
nanotubes [56]. Processing MWNT by chemical vapor deposition or pyrolysis [57]
is an alternative, which yields MWNT contaminated with catalyst but with little
else in the way of impurities. A higher concentration of defects may result (Figure
2.9c). MWNT processed by laser-deposition techniques, including the nanofibers pro-
duced by Hyperion [58], have a significant number of defects relative to pure MWNT
but are produced purely. The effect of such defects on the mechanical properties is
unclear, but they lead to early oxidation and probably reduce both the strength and the
conductivity.
It is now possible to cut nanotubes (SWNT) into smaller segments by extended

sonication in concentrated acid mixtures [59]. The resulting pieces of broken nano-
tubes (open pipes that are typically a few hundred nanometers long) form a colloidal
suspension in solvents and can be deposited onto substrates or further manipulated in
solution and functionalized at the ends. Such segments can perhaps be joined with
appropriate chemical bridges to construct long nanotube chains resembling polymers.
A whole gamut of possible chemistry based on nanotubes is just beginning to unfold.
In the future, it may be possible to dissolve such functionalized nanotubes in organic
solvents and later separate them to produce high-purity samples.
Because size and helicity are two important parameters that affect nanotube proper-

ties, selection on the basis of both these factors is important. This is mostly relevant to
SWNT, because the MWNT shows average properties that tend to be semi-metallic
only. Fortunately, the size distribution produced during the high-yield synthesis of
SWNT is quite narrow, with an overwhelming majority of the nanotubes having dia-
meters close to 1.4 nm. The nanotube diameter can be tuned in the range between 1.2
and 5 nm by altering the temperature (from 700 8C to 1200 8C) under which they are
formed. It is fortuitous that, when SWNT are formed in high yield, a majority of the
tubes have armchair (or close to armchair) arrangement, and this arrangement is in-
dependent of the conditions used in synthesis. This size and helicity have a strong
bearing on the possible usability of nanotubes, especially in electronics.

2.2.1.4 Other Nanotubes

Other types of nanotubes require mention, and these could have some role in the
fabrication of novel nanocomposite materials. The closest in structure and mechan-
ical properties to carbon nanotubes are hexagonal boron/nitrogen nanotubes, which
can be produced by arc-discharge, laser ablation, and CVD processes and can be fab-
ricated intomultiwalled and single-walled structures. Themodulus and strength of BN
nanotubes are very similar to those of their carbon counterparts [60]. The advantages of
using themwould be better oxidation resistance and their electrically insulating nature
(for certain dielectric applications). The lattice of carbon nanotubes can be doped (to
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certain levels) with boron and nitrogen, providing a broad range of possible BCN na-
notube structures [61]. Boron has an exceptionally interesting effect: insertion of boron
into carbon nanotubes during growth allows selection of their helicity (zigzag nano-
tubes are stabilized) [62]. The average length of nanotubes is also much higher if boron
is added during growth, because boron acts as a surfactant near the growing ends,
making it difficult for the structure to close. Nitrogen also can be inserted into the
carbon nanotube lattice, but this insertion produces corrugated nanotube structures
[63]. The presence of unsaturated nitrogen atoms in the lattice of nanotubes makes
them more easily dispersed in solutions, and such nanotubes make good interfaces
with certain polymers. Thus, doping nanotubes improves their surface reactivity. This
could ultimately aid in the design of strong nanotube matrix (particularly polymer)
interfaces, which is necessary in high-strength composites. These modified nanotube
lattices also lead to modified electrical and optical properties and hence novel proper-
ties for composites in which they are embedded.
Most layered materials can be fabricated into nanotubes. Examples other than those

noted above are nanotubes made of dichalcogenides (MoS2, WS2, etc.) [64], nanotubes
of several oxides (V2O5, MoO3, etc.) [65], and organic nanotubes [66]. These materials
(including the BCN types) are not currently available in bulk quantities, and hence very
little data is available on the mechanical and electrical properties of composites that
contain these nanostructures. However, research is moving quickly in synthesizing
several such nanotubular structures, which could ultimately find novel applications
in multifunctional nanocomposites.

2.2.2

Plate-like Nanofillers

Themost common 2D fillers are layered silicates. Themost well known layered silicate
is mica. Mica is made up of large sheets of silicate (on the order of centimeters or
more) with relatively strong bonds between the layers. Smectic clays or phyllosili-
cates, on the other hand, have relatively weak bonding between the layers, and the
layers are small flakes. Each layer consists of two sheets of silica tetrahedra (corner
shared) with an edge-shared octahedral sheet of either alumina (aluminosilicates)
or magnesia (magnesium silicates) [67]. Due to isomorphic substitution of alumina
into the silicate layers (Al3+ for Si4+) or magnesium for aluminum (Mg2+ for Al3+), each
unit cell has a negative charge between 0.5 and 1.3. The layers are held together with a
layer of charge-compensating cations such as Li+, Na+, K+, and Ca+. These charge-com-
pensating cations provide a route to the rich intercalation chemistry and surface mod-
ification required to disperse clays at the nanoscale into polymers. The cation-ex-
change capacity (CEC) defines the number of exchangeable interlayer cations and
is usually described as mEq/100 g. Values range from 60–120 for smectic clays. A
typical structure is shown in Figure 2.10 [68]. As they occur in nature or syntheti-
cally, the layers are 20–200 nm in diameter laterally and come in aggregates known
as tactoids, which can be �1 nm or more thick. Examples of smectic clays include
montmorillonite (CEC �76.4–119mEq/100 g), which is an aluminosilicate; sapo-
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nite, a synthetic material that closely resembles montmorillonite; hectrite, which is a
magnesium silicate (CEC �55mEq/100 g), and its synthetic equivalent Laponite.
Montmorillonite tends to have sheets that are up to 200 nm wide, and Laponite sheets
are 25–30 nm wide.
For these layered silicates to be useful as nanocomposites, the layers must be se-

parated. Silicate clays are inherently hydrophilic, but polymers tend to be hydropho-
bic. This presents an interesting challenge in terms of being able to disperse the si-
licate layers in a polymer. Fukushima and Inagaki [69] demonstrated that an exchange
reaction could be used to replace the inorganic exchange ions in the galleries between
the layers with alkylammonium surfactants (dioctadecyldimethylammonium). This
opens the galleries enough and makes them hydrophobic enough that a Nylon mono-
mer could be intercalated between the layers, resulting in a clay/Nylon nanocomposite.
Figure 2.11 [70] shows the increase in interlayer spacing, measured by x-ray diffrac-
tion, as a decrease in the peak position for montmorillonite swelled with alkylammo-
nium surfactants of various lengths. The intercalation also modifies the polarity of the
layers by lowering the interfacial free energy of the silicate [67]. The number of onium
ions that can pack into the galleries depends on the charge density of the clay and the
cation-exchange capacity. This, as well as the length of the surfactant chain, deter-
mines the distance between the layers. At lower charge densities, the surfactant packs
in monolayers and, as the charge density increases, bilayers and trilayers can form
(Figure 2.12) [4]. At very high CECs (�120mEq/100 g) and long surfactants (>15 car-
bons), the packing can be ordered in a paraffin-type structure. The positively charged
heads of the onium ions prefer to pack close to the clay layer, and the organic ends tend
to fill the middle. Further processing of the layered silicates to form polymer compo-
sites is discussed in the processing section below.
In general, the properties of the clay layers are unknown, and estimates are made

based on composite properties of similar materials in bulk. The properties are not
unusual. For these fillers, it is the aspect ratio that is the most significant. Their
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Fig. 2.10 Schematic of the crystal structure of 2:1 layered silicates (smectites). Van der Waals in-

terlayer or gallery containing charge-compensating cations (M+) separates covalently bonded oxide

layers, 0.96 nm thick, formed by fusing two silica tetrahedral sheets with an edge-shared octahedral

sheet of alumina or magnesia. Reprinted with permission from [68]

2.2 Nanoscale Fillers 9191



high aspect ratio theoretically makes them efficient for carrying loads. Such clay layers
are almost impermeable to gases and water through the layer thickness and thus pro-
vide an excellent barrier to gas and water in composites.
Layered silicic acids provide an alternative to smectic clays. The intercalation chem-

istry is similar to that of smectic clays, and they can be obtained with high purity and
with structural properties that compliment those of clays [71]. Examples of layered
silicic acids include kanemite (NaHSi2O5), makatite (Na2Si4)9 · nH2O), octosilicate
(Na2Si8O17 · nH2O), magadiite (Na2Si13O29 · nH20), and kenyaite (Na2Si20O41 ·
nH2O). The thickness of the layers varies from 0.5 nm for makatite to 1.77 nm for
kenyaite [72]. The general structure of layered silicic acids involves layers of SiO4 tetra-
hedra with an abundant hydroxyl siloxane surface. Interlayer alkali ions can be ex-

Fig. 2.11 X-ray diffraction patterns of n-mont-

morillonite as the length of the alkylammonium

chain length increases. Reprinted with permission

from [70]

Fig. 2.12 Schematic of the

orientation of alkylammonium

ions in the galleries of layered

silicates with different layer

charge densities. Reprinted with

permission from [4]
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changed with the resulting active hydroxyl sites, leading to enhanced bonding with the
intercalates.
Layered double hydroxides (LDH), for example, Mg6Al2(OH)16CO3 · 4H2O, have a

positive (instead of negative) charge on theMg(OH)2 layers. They are produced synthe-
tically [73] and provide an opportunity for intercalation with organic anions. They have
been used successfully to make nanocomposites [74, 75].
Transition-metal dichalcogenides are layered materials that can be intercalated with

lithium. After intercalation, MoS2 and WS2 can be placed in distilled water and exfo-
liation occurs [76, 77]. Titanium and tantalum dichalcogenides have also been used to
make nanocomposites [78, 79]. Essentially any layered material, including graphite
[80], with appropriate chemistry can be expanded, creating the potential for intercala-
tion of a polymer.

2.2.3

Equi-axed Nanoparticle Fillers

Production of nanoparticles with controlled size and degree of aggregation is the goal
of many research efforts. The primary driver for this interest is the effect of particle
size on their properties. For example, the optical absorption spectrum of Au changes
with the size of the Au particles. The electroluminescence of semiconducting nano-
particles is also size-dependent. One of the advantages of using nanoparticles in a
composite structure is that the particle size and distribution can be stabilized. Materi-
als that cannot be grown easily as single crystals can be used at the nanoscale and
dispersed in a polymer to take advantage of the single-crystal properties. In addi-
tion, the particles can lend properties to the polymers that they cannot achieve alone
or with traditional fillers. For example, nanoparticle-filled polymers can lead to an
increase in modulus and strength, but also maintain the polymer’s ductility. This
is because the nanoparticles are such small defects relative to their micrometer-sized
counterparts.
Nanoparticles have been available for more than a century. Carbon black made by

pyrolysis is available in a range of surface areas and degrees of aggregation. Silicamade
by a variety of methods, including the wet chemical process developed by Stober [81],
the commercial LudoxØ process [82], as well as flame processes, have been available for
years. Although recent developments have been made [83], these are well-established
processes. These nanoparticles have found significant applications in the rubber in-
dustry, in catalysis, chemical mechanical polishing, water treatment, and other appli-
cations. In recent years, significant progress in the diversity of processes for making
nanoparticles has led to a more diverse set of nanoparticles and better control of par-
ticle size, morphology, and surface properties. Recent developments in in-situ proces-
sing of nanoparticles within a polymer matrix are discussed in the composite proces-
sing section 2.4.3. In this section, we focus on the preparation of discrete particles that
are subsequently incorporated into a polymer matrix.
Aerosol methods usually result in the formation of nanoparticles by condensation

from a gas phase [references in 84–87]. One example of a highly successful commer-
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cial aerosol processes is flame hydrolysis. Here, a vapor precursor (such as silicon
tetrachloride to make silica) is burned in a hydrogen/oxygen fuel mixture to produce
the metal oxide. Titania, alumina, and zirconium oxide can all be produced this way.
For silica, particle sizes range from 7 to 27 nm, and the surface areas range from 100 to
380m2 g-1. The specific surface area and agglomerate structure can be controlled by
adjusting the temperature and time of reaction. At higher temperatures, particle coa-
lescence is fast, and low-surface-area materials result. At lower temperatures, coales-
cence is slow relative to the collision rate, and fractal agglomerates result [88]. Figure
2.13a shows a typical silica agglomerate.
Pyrolysis is another aerosol method and is commonly used to make carbon black, an

amorphous form of carbon. The particles have a size range of 20–300 nmwith surface
areas of 20–500m2 g-1.
In a third method, called gas condensation [89, 90], a metal vapor is formed in either

an oxygen atmosphere or an inert gas. In an oxygen atmosphere, the metal reacts with
the oxygen to formmetal oxides, which are collected by cooling the gas and condensing
the nanoparticles. A large range of metal oxides can be processed this way, including
TiO2, Al2O3, CuO, CeO2, ZnO, ZrO2, Fe2O3, and Y2O3 [91]. In an inert atmosphere,
metal nanoparticles result. Advantages of this method are that the particle size dis-
tribution is narrow, the particles are crystalline, and the surfaces are clean. Figure
2.13b shows typical metal oxide particles that result from this process. They tend
to be isolated, crystalline, and spherical. In the past dozen years or so, great progress
has been made in understanding the processes by which such nanoparticles are made
and the fundamental relationships between their sizes and structures and their special
properties [92–95]. In the late 1990s these processes were improved and ton quantities
of gas-condensed metal-oxide nanoparticles have been produced.
Laser ablation processes are another form of gas condensation. Here, targets (metal,

metal oxide, or semiconductor) are ablated with a laser (often a pulsed laser). An inert
or reactive gas is supplied to cool, condense, and sometimes react with the target
material. By varying the pulse frequency, gas flow rate, and total pressure, the size
of the particles and particle aggregates can be controlled. For example, increasing

Fig. 2.13 Micrographs showing (a) typical silica nanoparticle agglomerates and (b) titania

made via gas condensation. (Thanks to T. Li for these micrographs)
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the gas flow rate decreases the primary particle size, but increasing the laser fluence
and total gas pressure produces larger primary particles. Significant quantities of na-
noparticles can be produced this way. Many types of materials can be processed, in-
cluding SiO2, MgO, Fe3O4, Mg2SiO4, CaTiO3, MgAl2O4 [96], Al2O3 [96–98], TiO2 [97],
Fe2O3 [97], and many others [99, 100].
Other methods for creating a vapor that condenses into nanoparticles include plas-

ma and chemical vapor condensation, spray pyrolysis, electrospray, and plasma spray
[101]. These processes can form a wide range of nanoparticles. One interesting varia-
tion on the aerosol process developed recently combines sol–gel processing with the
aerosol process. Hydrolysis and condensation of TEOS is carried out in a laminar flow
chamber at temperatures ranging from room temperature to 100 8C [102]. The advan-
tage of this low-temperature process is that a large specific area (400m2 g-1) can be
produced because of the low coalescence rate relative to the collision rate. In addi-
tion, the agglomerates tend to be linear instead of highly branched.
A host of wet-chemistry methods exist in which one or two precursors are placed in

an appropriate solution and nanoparticles form. These can be stabilized with an emul-
sion, surfactant, or a macromolecule that surrounds and protects the nanoparticles
from agglomeration. Metal [103], metal-oxide [104], semiconducting [105–107], super-
conducting, andmagnetic particles [108] have all beenmade this way. Using ZnO as an
example, zinc acetate [(CH3COO)2Zn · 2H2O] can be reacted with NaOH [109] in the
presence of poly(vinylpyrrolidone) to create very stable ZnO particles with an average
diameter of 4 nm [110].
Metal nanoparticles can also be made by sonication chemistry [111]. This process

takes advantage of the formation, growth, and implosive collapse of bubbles within a
liquid to create localized spots with temperatures as high as 5000 K and pressures as
high as 1800 atm. Under appropriate sonication conditions, precursors such as
Fe(CO)5 and Co(CO)3(NO) form nanoparticles. If sonication is done in the presence
of an alkane, the particles can be separated, but sonication can also be done in the
presence of a polymeric ligand to make stable colloids or in the presence of an inor-
ganic support.
Metal oxides an also be formed by taking advantage of hydrodynamic cavitation

[112]. Here, hydrodynamic cavitation is produced by using a high-pressure fluid sys-
tem in the presence of a sol–gel solution. The local high temperatures and pressures
due to collapse of bubbles result in the creation of nanoparticles. The pressure and the
exposure time can be adjusted to control the particle size.
This section has clearly left out many details of nanoparticle processing, and many

significant contributions have not been referenced. We introduce only the basics of
nanoparticle processing here, because this topic is so broad and our focus is on na-
nocomposites.
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2.3

Inorganic Filler–Polymer Interfaces

As mentioned in the Introduction, nanocomposites have at least an order of magni-
tude more interfacial area than traditional composites. This increase in interfacial area
results in a 3D interfacial region within the polymer matrix that can have properties
significantly different from those of the bulk polymer. The local chemistry, degree of
cure, chain mobility, chain conformation, and degree of chain ordering or crystallinity
can all vary continuously from the filler/matrix boundary to some point in the polymer
bulk. To understand the significant effects nanoscale fillers have on polymer behavior,
this interfacial region must be understood. The paragraphs below outline some of the
literature describing the behavior of polymers near a surface.
Consider first a pure thermoplastic polymer film interacting with either air or a very

flat inorganic surface. We know that surface/polymer interactions greatly influence
the glass transition temperature (mobility, relaxation spectra) of thin polymer
films. For example, the presence of a free surface, as observed in free-standing ultra-
thin films, reduces the glass transition temperature [113–116] (Figure 2.14), but an
attractive surface increases the glass transition temperature [117, 118]. The mechan-
ism causing these changes in Tg is currently under discussion in the literature. Mo-
lecular dynamics simulations [119] show that the decrease in Tg for free-standing thin
films is caused by a decrease in the density, which in turn increases the mobility of the
polymer chains. Monte Carlo simulations show that the presence of a neutral surface
can increase the density and decrease the mobility of the polymer chains [120],
although experimental data suggest that the surface must be attracting before Tg in-
creases.

Fig. 2.14 The glass transition temperature as a function of film thickness for

low and high molecular weight polystyrene free-standing films. Reprinted with

permission from [113]
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Composites, however, do not contain ideal 2D interfaces. In fact, the highly curved
surfaces and the size scale close to that of a typical radius of gyration for a polymer
chain make it difficult to apply 2D observations and measurement techniques directly
to nanocomposites. Based on some early nanocomposite work on polymers filled with
carbon black, one description of the interfacial region in nanofilled polymers is a
bound polymer layer (where ‘bound’ implies a region of immobile polymer) with a
distinct interface between the bound and unbound regions. The evidence for this
is an insoluble fraction of polymer that results from the addition of nanoparticles
[121]. In addition, the properties of the nanofilled polymers often scale with a para-
meter somewhat larger than the average particle diameter [122]. The argument has
been that the stronger the polymer–particle interaction, the larger the bound polymer
fraction, up to 2–9 nm thick [123].
The discrete bound polymer layer could result in a second glass transition tempera-

ture, according to some researchers [124]. Research on thin film, however, does not
point to a discrete layer of affected material but to a far-field effect. Figure 2.14 [113,
118] shows the effect of film thickness on the glass transition temperature for free-
standing polystyrene films of various molecular weights. The higher the molecular
weight, the greater the film thickness at which the decrease in Tg begins. This sug-
gests that somemultiple of the radius of gyration may be a relevant parameter. Studies
on diffusion using SIMS show that the effect can be up to 10 times the radius of
gyration [125]. In addition, the thinner the film, the lower the Tg becomes. This in-
dicates that the effect of the surface is a continuous function within the polymer. In
addition, recent results [126] have shown that the nonlinear viscoelastic behavior of
nanofilled polymer melts is strongly dependent on the surface treatment of the filler
particles. The results suggest that the filler surface has a far-field influence on the
chain motions. However, these effects are only apparent when finite shear–strain
magnitudes are used to probe the behavior. Small-strain studies on the same compo-
sites in the vicinity of the glass transition temperature show that, although the glass
transition temperature is increased by filler addition, the curves of normalized loss
modulus vs. frequency superpose perfectly. These studies suggest that the distribu-
tion of relaxation times is shifted but otherwise unaltered. Taken together, these re-
sults indicate that the bound polymer layer is essentially a monolayer and that the far-
field influence is due to entanglement trapping.
Further clarification reassures us that a discrete bound layer and a more diffuse

region are not contradictory. First, a bound polymer layer, as originally defined, is sim-
ply the amount of polymer that is ‘stuck’ to a particle surface; the term was not in-
tended to completely describe the mobility within that region or the effect of that re-
gion on the surrounding polymer. Thus, let us define a bound polymer layer as any
polymer that is bonded to the particle surface. This sometimes occurs in nanocom-
posites, but not always. Let us define the interfacial region as the region of polymer
surrounding the nanoparticle and having altered chain conformation and/or mobility
due to the presence of the filler. Clearly, polymer chains strongly bound to the surface
result in a different interfacial region than chains either repelled by the surface or
weakly interacting. The magnitude of the effect this interfacial region has on the prop-
erties of a composite depends on the property being measured. For example, the effect
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of the interfacial region on the glass transition temperature, which is the result of
cooperative segmental motions, may be different from its effect on diffusion, which
depends on larger-scale mobility.
Consider for a moment, ignoring the specifics of their morphology and properties,

the implications of both the bound polymer layer and the interfacial region on the
behavior of nanofilled polymer composites. The film thickness at which a significant
change in glass transition temperature occurs depends on the molecular weight, but
can be as high as 80 nm. For a 30-nm particle dispersed in a polymer matrix, the
average interparticle spacing is 80 nm at filler loadings as low as 1.5 vol. % (Figure
2.2). Thus large effects on bulk properties can be expected at low filler loading.
The glass transition temperature of a bulk part can be raised and lowered by the

addition of nanoparticles [126–128]. Ash et al. [127] have shown that, for a non-wetting
nanoparticle/polymer composite (alumina/PMMA), the glass transition temperature
starts to decrease at a specific filler volume fraction corresponding to an interparticle
distance of about 200 nm (Figure 2.15). On the other hand, if the PMMA is adsorbed on
the particle surface, the glass transition temperature is stabilized. More commonly, an
increase in Tg is observed [129, 130], which can be as large as 308 [80].
The situation becomes even more complicated for composites in which the poly-

mers are confined between two flat layers (as in clay composites) [131]. For exam-
ple, NMR studies on PEO-intercalated nanoclay showed that confinement of the
chains increases segmental mobility at low temperatures, but at higher temperatures
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a less mobile fraction is revealed. This suggests a broadening in the relaxation spectra.
In addition, the glass transition temperature is suppressed. In thin films this is attrib-
uted to a highly immobilized polymer layer. Krishnamoorti [131], armed with the
knowledge that the rate of polymer intercalation into the clay layers can be as fast
as the diffusion rate in the bulk, suggested that this phenomenon is due only to non-
cooperative motion. This is clearly an area in need of further study and is discussed
more below.
In addition to changes in the mobility of a polymer chain, the average chain con-

formation can be altered and/or the type and degree of crystallinity can change. Dhi-
nojwala and coworkers recently reported measurements on a polystyrene (PS)/sap-
phire interface [132, 133], which revealed a nearly perpendicular orientation of the
phenyl rings to the PS/sapphire interface. It is unclear how these conformations
change in the presence of a nanostructured surface, particularly one with a high ra-
dius of curvature. Recent modeling, however, suggests that studies on flat surfaces
may be relevant [134]; however, it is unclear how the many techniques used to study
behavior on flat surfaces could be modified to measure this. Studies have focused on
the effect of structural details of surfaces on protein structure and have found that the
density of alkane chains on an alkylated surface directly affects the amount of protein
adsorbed [135]. Other studies [136–138] showed that vitronectin (a mediator of osteo-
blast adhesion) remained folded onmonolithic alumina withmicrometer-sized grains,
but showed enhanced adsorption as well as conformational changes when it was ad-
sorbed on nanograined alumina. Vitronectin interactions with nanoceramics were
correlated with significantly enhanced osteoblast adhesion. The change in polymer
chain conformation, in contrast to that of proteins, is likely to be much more local,
but could still affect bulk properties.
Crystallinity is also sensitive to surface interactions. This is seen dramatically in

graphite fiber/polypropylene composites in which a transcrystalline layer develops
perpendicular to the fiber [139]. Nanofillers can also change the degree of crystalli-
nity, change the rate of crystallization, and/or suppress the formation of the thermo-
dynamic crystal phase and stabilize the metastable phase [140, 141]. In silica-filled
Nylon 11 that was thermally sprayed, the crystallinity increased due to the presence
of the nanoparticles [142]. In montmorillonite/HDPE nanocomposites, the polymer
crystals decreased in size and the crystallization rate decreased [143], whereas in poly-
amide (Nylon 6) composites the metastable hexagonal phase formed instead of the
typical monoclinic phase [144]. Another example in Nylon 6 occurs under high pres-
sure: by annealing montmorillonite/ Nylon 6 at high pressures, a higher-temperature
monoclinic phase forms (a), and the orthorhombic (c) phase is suppressed [145].
Finally, changes in the chemistry can occur in the interfacial region. A dramatic

example of this is the preferential adsorption of a curing agent onto the nanofiller.
When this occurs, the region surrounding the nanoparticle consists of a ‘layer’ of
stoichiometrically crosslinked thermoset with excess curing agent, surrounded by a
‘layer’ of depleted curing agent and thus less-than-stoichiometric crosslinking. This
phenomenon has been observed in fiber-filled polymers [146] and is presumed to
exist in nanoscale titania-filled epoxy [147]. More subtle changes could also occur,
such as preferential adsorption of low-Mw material to the surface.
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In summary, the interfacial region is complex, and when the interfacial area is very
large, the whole polymer matrix may essentially be interfacial region. This presents
one of the essential challenges in polymer nanocomposites: to develop technology to
control the interface, to describe the interface mathematically, and to be able to predict
properties taking into account the interfacial region. Traditional composite theory,
although very far advanced in describing properties that are relatively independent
of the interface, is still in its infancy in taking into account the role of the interfacial
region. Significant progress has been made in understanding the interaction of poly-
mers with flat surfaces, but the interaction of polymers with highly curved surfaces
and at scales similar to that of the radius of gyration is not well understood. The na-
nocomposites community has their work cut out for them.

2.4

Processing of Polymer Nanocomposites

One of the key limitations in the commercialization of nanocomposites is processing.
Early attempts at clay-filled polymers required processing that was not commercially
feasible, but this situation has changed. Similarly, processing of other nanocomposites
is becoming easier and more commercially viable as our understanding improves. A
primary difficulty is proper dispersion of the fillers. Without proper dispersion and
distribution of the fillers, the high surface area is compromised and the aggregates can
act as defects, which limit properties. To facilitate discussion, we will define the state of
aggregation in those nanocomposites. Distribution of a nanofiller describes the homo-
geneity throughout the sample, and the dispersion describes the level of agglomera-
tion. Figure 2.16 schematically illustrates good distribution but poor dispersion (a),
poor distribution and poor dispersion (b), poor distribution but good dispersion
(c), and good distribution and good dispersion (d). The state of aggregation is further
defined in layered silicate/polymer nanocomposites later in this chapter.

2.4.1

Nanotube/Polymer Composites

The processing of nanotube/polymer composites is still in its infancy. Although na-
notubes have been incorporated into composites commercially, the literature describ-
ing the processes is limited. Significant issues remain to be solved about purification,
dispersion, and bulk processing.
The ability to disperse SWNT and MWNT into a polymer may be the most critical

processing parameter for controlling properties. Nanotubes that are in clumps or are
agglomerated with other carbonaceous materials create defect sites that will initiate
failure. In addition, they limit the efficiency with which the nanotubes carry load.
This limitation has been illustrated explicitly in both polymer and ceramicmatrix com-
posites [148, 149]. CVD-grown MWNT, which are easily dispersed and less agglom-
erated, increased the modulus and strength of polystyrene without compromising the
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strain-to-failure factor significantly. Other work on arc-discharge-grown MWNT,
which were not fully purified and not as well dispersed, did not show the increase
in toughness observed for well-dispersed MWNT. Similarly, the toughness of
MWNT/alumina composites with excellent dispersion increased significantly com-
pared to composites with somewhat worse dispersion.
Dispersion has been achieved primarily by sonication of nanotubes in a solvent. The

most focused efforts have been on the dispersion of SWNT. Chemical modification of
the surface with the aid of surfactants [150], by functionalization of the end-caps with
long aliphatic amines [151], or by functionalization of the sidewalls with fluorine [152]
or alkanes [153] has resulted in stable suspensions of nanotubes. None of these meth-
ods is ideal for composite processing. The use of surfactant results in an impurity in
the composite. Functionalizing the ends limits further chemical modifications for
controlling bonding with the matrix, and modification of the sidewalls can affect
the mechanical properties [154]. As an alternative, the best solvents for direct disper-
sion of SWNT were identified as NMP, DMF, hexamethylphosphoramide, cyclopen-
tane, tetramethylene sulfoxide, and e-caprolactone [154]. These solvents are all strong
Lewis bases without hydrogen donors, although not all solvents with these character-
istics were good solvents for SWNT.
After dispersion, drying the dispersion on a glass slide and placing resin directly

onto a thin film of nanotubes [29, 155, 156] can produce small-scale composites. Mix-

(a)

(b)

(c)

(d)

Fig. 2.16 A schematic illustrating the difference between dispersion and distri-

bution and giving examples of good and poor for each
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ing both the nanotubes and the polymer in the presence of a solvent [25, 30, 157, 158],
often with the help of a surfactant [159], can also produce composites. Figure 2.17a
shows the wetting and the dispersion of SWNT dispersed in ethanol and then mixed
with an epoxy resin [157]. Figure 2.17b [148] shows the dispersion achieved with CVD-
grown MWNT, dispersed in toluene with dissolved polystyrene and casting films.
Excellent dispersion was achieved. Nanotubes have also been dispersed directly
into liquid urethane acrylate polymer [160], methylmethacrylate monomer [161],
and epoxy resin [162], followed by curing or polymerization. Damage to the nanotubes
is a tradeoff that must be considered.

Fig. 2.17a Transmission electron micrograph of aligned

singlewall carbon nanotube ropes bridging an elliptical hole

in a polymer film. Reprinted with permission from [157]

Fig. 2.17b Treansmission elec-

tron micrograph of MWNT-PS

film in which the nanotubes are

homogeneously distributed in

the polystyrene matrix at a

�1 lm length scale. The inset is

the MWNT weight fraction as a

function of length scale, which

was determined by measuring

the weight fraction of nanotubes

at areas in the image. The error

bars represent the standard de-

viation of the experimental data,

which reflects the homogeneity

of the distribution. Reprinted

with permission from [148]

2 Polymer-based and Polymer-filled Nanocomposites102



Nanofibers have been successfully melt-mixed with polyphenylene ether/polyamide
matrices in a twin screw extruder. This process has led to a commercial product in
conductive thermoplastics for electrostatic painting without the loss of mechanical
properties [163].
An interesting composite processed from nanotubes is a macroscopic fiber that is a

mixture of nanotubes and a traditional material used for carbon fibers, such as pitch or
PAN. This was achieved with a pitch-basedmatrix and led to interesting improvements
in properties, because the pitch fibers were not subjected to the typical high tempera-
ture processing [164].

2.4.2

Layered Filler–Polymer Composite Processing

Scientists have known for about 40 years that polymers interact strongly with mon-
tmorillonite and that the clay surface can act as an initiator for polymerization [165,
166]. Patents for clay/Nylon 6 composites were not issued until the 1980s, at which
point the clay/polymer nanocomposites were commercialized [167]. The improvement
that led to commercialization was the appropriate dispersion of the clays at the nan-
ometer scale.
The first step in achieving nanoscale dispersion of clays in polymers is to open the

galleries and to match the polarity of the polymer or monomer so that it will intercalate
between the layers. This is done by exchanging an organic cation for an inorganic
cation (Figure 2.18). The larger organic cations swell the layers and increase the hy-
drophobic properties of the clay [168] (Figure 2.18), resulting in an organically mod-
ified clay. The organically modified clay can then be intercalated with polymer by sev-
eral routes. Solution processing involves dispersion of both the organically modified
clay and the polymer in a common solution. Variations on this process include emul-
sion or suspension polymerization [169, 170]. Highly polar polymers such as Nylon
[171] and polyimides [8] are more easily intercalated than nonpolar polymers such as
polypropylene, because polar polymers have a higher affinity for the polar clay gal-
leries. In situ polymerization intercalates monomer directly into the organically mod-
ified clay galleries, and the monomer can either adsorb onto the layer surface [172] or
be anchored by free radical techniques [173]. Melt intercalation involves mixing the
clay and a polymer melt, with or without shear. The success of melt intercalation is
surprising, given that the gallery spacing is only about 2 nm and the radius of gyration
of the polymer is significantly larger than this. Even more surprising is that the speed
of melt intercalation is faster than that of self diffusion of polymers and scales with the
inverse of the molecular weight [174]. Coarse-grained molecular dynamics studies
predict a rate twice that of self-diffusion, with the rate scaling inversely with the mo-
lecular weight. The results of molecular dynamics and experimental studies agree that
the stronger the clay/polymer interaction, the slower the intercalation rate [175]. In
addition, layer flexibility seems to control the mechanism of intercalation [176], per-
haps due to a recently proposed mechanism called the ‘kink’ model of melt intercala-
tion [177], in which sufficient shear force causes a kink to form in the clay sheet (a form
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of compression failure) (Figure 2.19). Polymer can then penetrate the new space be-
tween the layers. This kink can propagate along the layer, and more polymer can inter-
calate. This mechanism can explain both the fast intercalation rate (which is enhanced
by the space created by kinking) and the dependence on layer flexibility. Layers with a
lower modulus should kink more easily. A rigorous test of this model is still required.
Models have also been developed to test the tendency for chains to melt-intercalate in
the absence of shear [178, 179]. These studies showed that there is an optimal inter-
layer separation (slightly larger than the pseudobilayer for intercalation of polystyrene)
and an optimal chemical interaction (the greater the hydrophilicity of the polymer, the
shorter the organic modifier should be). This minimizes unfavorable interactions be-
tween the polymer and the aliphatic chain. Polar polymers are also more likely to
intercalate.
As the layer spacing increases, the process can be monitored by x-ray diffraction

(XRD). Intense peaks between 38 and 98 indicate an intercalated composite, but if
the peaks are extremely broad or disappear completely, this indicates complete exfo-
liation. Figure 2.20 [180] shows the XRD pattern of organically modified montmor-
illonite (d), an intercalated montmorillonite (c), and two exfoliated montmorillonite
nanocomposites (a, b).

Inorganic cation / organic cation
exchange

Na+

+

+ + +

+ + +

+ + +

Clay

Organically modified clay

+ + +

+ + +

+ + +

Monomer,

oligomer intercalation

+ + +

+ + +

+ + +

Intercalated nanocomposite

Polymer melt or solution

intercalation

Polymerization

Fig. 2.18 Schematic of the basic steps in processing clay-filled polymers
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Once the clays have been intercalated with polymer, the nanocomposites can be
processed by traditional melt-processing methods. This final processing of the com-
posite is important in determining the final properties. Mixing facilitates nanoscale
dispersion and can lead to clay and/or polymer chain alignment. The degree of shear
during molding determines, not only the degree of clay layer alignment, but also the
degree of crystallite alignment. For example, extruded Nylon sheet with a draw ratio of
4:1 had a higher modulus than a sheet processed by injection molding [181]. This may
be due to a higher degree of platelet and crystallite alignment and is a common
phenomenon in the drawing of Nylon. In some cases, the crystallinity increases

Fig. 2.19 Schematic of the kink model of melt intercalation. Ag denotes the

agglomerated (immiscible) portion of the clay, and Int. denotes the intercalate

state. Redrawn from Fig. 1(a) of [177]

Fig. 2.20 X-ray diffraction data showing the dif-

fraction patterns that result from (a), (b) exfoliated

clays, (c) intercalated clays, (d) organically modified

clays. Reprinted with permission from [180]
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(36%–38%, compared to 31% for unfilled Nylon) and remains constant with filler
content [140]. Other studies, however, have shown decreases in crystallinity [182]. In-
creasing the pressure during processing to 0.1–0.6 GPa favors the a phase [145]. The
clay platelets also enhance alignment of the Nylon 6 chains and the crystallites [140],
though the extent is governed by the degree of shear and can vary across the thickness
of an injection-molded part [183]. Understanding and optimizing the mixing and tak-
ing advantage of interesting rheology and other phenomenon such as strain hardening
and rheopexy is in its infancy, and significant fundamental work still needs to be done
[184].
The resulting nanocomposites can have several structures (Figure 2.21). The struc-

ture of an intercalated nanocomposite is a tactoid with expanded interlayer spacing,
but the clay galleries have a fixed interlayer spacing. Exfoliated nanocomposites are
formed when the individual clay layers break off the tactoid and are either randomly
dispersed in the polymer (a disordered nanocomposite) or left in an ordered array.
The following sections give some details on processing clay/polymer nanocompo-

sites. The discussion is organized by matrix type.

A. Conventional Composite 
with Tactoids

B. Intercalated Nanocomposite

C. Ordered Exfoliated
Nanocomposite

D. Disordered Exfoliated
Nanocomposite

Fig. 2.21 Schematic of the microstructures that can develop in clay-filled polymer composites:

(a) a conventional composite with tactoids, (b) an intercalated nanocomposite, (c) an ordered

exfoliated nanocomposites, (d) a disordered exfoliated nanocomposite
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2.4.2.1 Polyamide Matrices

Nylon-6/Nylon-12/clay hybrid composites were the first exfoliated smectic clay com-
posites made [187]. Montmorillonite, with a CEC of 119mEq/100 g, was intercalated
with 12-aminolauric acid, which increased the intergallery spacing from 1.0 to 1.7 nm.
This ‘12-montmorillonite’ was then mixed with e-caprolactam, which increased the
intergallery spacing even further, to 4.0 nm, indicating that the e-caprolactam had
intercalated into the galleries. Heating to 250 8C led to polymerization, forming a
clay/Nylon-6 nanocomposite. Further research [185] determined that e-caprolactam
could intercalate directly into the galleries of montmorillonite in a hydrochloric
acid solution and, upon intercalation, becomes oriented vertically in the galleries.
The modified montmorillonite then mixed easily with additional molten e-caprolac-
tam and 6-aminocaproic acid, yielding a Nylon-6 homopolymer/clay nanocompo-
site. The montmorillonite was completely exfoliated. Recently [186], montmorillo-
nite/Nylon 6 nanocomposites were processed by melt intercalation. Although the de-
gree of exfoliation was not as high as in nanocomposites produced by the above meth-
ods, at weight fractions less than 0.1 the composites were primarily exfoliated.

2.4.2.2 Polyimide Matrices

The preparation of polyimide matrix clay nanocomposites involves several steps [8,
187] (Figure 2.22). By intercalating montmorillonite with the ammonium salt of do-
decylamine, it becomes soluble in dimethylacetamide (DMAC). DMAC is also a sol-
vent for 4,4’-diaminodiphenylether and pyrometllitic dianhydride, the precursors for
polyamic acid and, as such, polyimides. After intercalation of the ammonium salt of

Fig. 2.22 Schematic of the synthesis of polyimide-clay hybrid film. Reprinted

with permission from [187]

2.4 Processing of Polymer Nanocomposites 107107



dodecylamine, x-ray studies [188] showed that hectrite (CEC = 55mEq/100 g) has one
monolayer of organic material between the layers, whereas saponite, montmorillonite,
and synthetic mica (all with CEC > 100mEq/100 g) have two. After composite forma-
tion, however, only the montmorillonite and the synthetic mica have exfoliated com-
pletely, but the hectrite and saponite remain in a somewhat aggregated state. Lan et al.
[189] found aggregates of montmorillonite after using a similar procedure. More re-
cently, P-phylenediamine in an HCl solution was also found to form organic-modified
montmorillonite that dissolves in DMAC [190]. This same study showed that the pre-
sence of a small amount of nanoscale organoclay can decrease the imidization tem-
perature by 50 8C (from 300 8C to 250 8C), and at 250 8C the imidization time decreased
by 15 min. The activation energy decreased by 20%. Clearly, the organoclay surface is
acting as a catalyst.

2.4.2.3 Polypropylene and Polyethylene Matrices

Nonpolar polymers are very difficult to intercalate into smectic clays, because the clays
are strongly polar. This challenge has been met [191, 192] by first intercalating stear-
ylamine into montmorillonite and synthetic mica. Melt-mixing the organoclays with
maleic anhydride-modified polypropylene oligomers results in PP-MA intercalation.
The modified organoclay is then melt-mixed with a polypropylene matrix. There is a
balance between creating a polar oligomer with enoughmaleic anhydride to intercalate
well, but nonpolar enough to mix with the polypropylene. Unfortunately, the oligomer
limits the extent of property improvement achieved to date. Polyethylene has also been
successfully melt-mixed with modified montmorillonite and saponite after ion ex-
change with dioctadecyldimethylammonium bromide. The degree of dispersion is
not excellent, and the layers are certainly not exfoliated; yet, significant modification
of both the crystal structure and properties has been observed [143].

2.4.2.4 Liquid-Crystal Matrices

Smectic clay/liquid crystalline nanocomposites exhibit interesting optical properties
[193, 194]. Upon initial formation, the composites are opaque, but when an electric
field is applied they became transparent. To process these composites, montmorillo-
nite was intercalated with lauryl ammonium or 4-(4’-cyanobiphenyl-4-oxy) butyl am-
monium (CBAM), or 4-cyano-(4’-biphenyloxy) undecyl ammonium cation and solu-
tion-mixed with a nematic crystal matrix such as 4-pentyl-4’-cyanobiphenyl (5CB)
and nematic TFALC (a mixture of low-molar-mass liquid crystals).

2.4.2.5 Polymethylmethacrylate/Polystyrene Matrices

The processing of clay/PMMA or clay/PS composites was first done by directly inter-
calating themonomer into the clay, followed by polymerization [195]. Thismethod was
not successful in exfoliating the clays. At issue again is the compatibility between the
clay and the monomer. One solution for PMMA has been to use appropriate ammo-
nium salts [196, 197], which may be reactive [198]. Another solution is to use a como-
nomer as a compatibilizer [199]. A similar solution was found for polystyrene by using
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the reactive cationic surfactant vinylbenzyldimethyldodecylammonium as the interca-
lant [200]. Exfoliated graphite/polystyrene composites have been made by similar pro-
cessing methods [80]. Recently, a commercially viable process was developed [180] for
polystyrene in which montmorillonite intercalated with octadecyl trimethyl ammo-
nium chloride was melt-mixed with a styrene methylvinyloxazoline copolymer.
This process resulted in complete exfoliation, which could not be achieved with
pure polystyrene [201]. The hypothesis is that the hybridization is due to strong hydro-
gen bonding between the oxazoline groups and oxygen groups in the silicate clays.

2.4.2.6 Epoxy and Polyurethane Matrices

Epoxy is a widely used thermoset, with applications ranging from household glues to
high-performance composites. To improve performance, increasing the Tg of epoxy
and improving its properties above the Tg are desirable. Adding clays and layered
silicic acids to epoxy [6, 71, 202–204] can greatly improve its mechanical perfor-
mance, particularly at temperatures above Tg. The processing has been studied in
detail [71, 205]. In the smectic clay/epoxy composites, the length of the intercalated
organic amine determines the ease of exfoliation, and only clays with primary and
secondary onium ions form exfoliated nanocomposites [71, 206]. After intercalation
of the organic amines, the epoxy resin or a combination of resin and curing agent can
be intercalated into the smectic clays or layered silicic acids. If enough resin and curing
agent are intercalated and the curing process is controlled, exfoliated nanocomposites
result. Figure 2.23 shows a diagram of the process [207]. The acidic onium ions cat-
alyze the intragallery polymerization or curing of the resin. If this reaction occursmore
rapidly than extragallery curing, then the clay exfoliates. Otherwise, an intercalated
nanocomposite results. Therefore, careful control of temperature and time is required
[71], or the ratio of resin to curing agent must be significantly less than the stoichio-
metric ratio [205] in order to achieve exfoliation. An approach similar to that used for
epoxy composites was used to make intercalated montmorillonite/polyurethane com-
posites [208].

Fig. 2.23 Proposed pathway for formation of an

epoxy-exfoliated magadiite nanocomposite: (A) In-

itial organomagadiite with a paraffin-like gallery

structure of onium ions and neutral amine. (B)

Reorientation of the alkylammonium ions into a

lipid-like bilayer structure to accommodate the

cointercalation of epoxide and curing agent. (C)

Rapid intragallery formation of a polymer gel and

expansion of the gallery height beyond a lipid-like

layer. (D) Silicate nanolayers are completely exfo-

liated in a fully crosslinked epoxy polymer network.

Reprinted with permission from [207]
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2.4.2.7 Polyelectrolyte Matrices

Polyelectrolytes can be used in electrochemical devices such as solid-state batteries,
electrochromic devices, and sensors [209]. The addition of layered silicates to polyelec-
trolytes increases the conductivity, improves the mechanical stability, and improves
the interfacial stability with electrode materials. Polyelectrolytes are characterized
by a large number of ionizable groups and thus are highly polar. This makes them
excellent candidates for intercalation into smectic clays. Polyvinylpyridines are of par-
ticular interest because of the variety of processing methods available [210]. Interca-
lated nanocomposites can be formed easily from the water-soluble hydrobromide salt
of the 1,2 or 1,6 polyelectrolyte (1,2 or 2,6 polyvinylpyridinium cations). However, only
a single layer of polymer intercalates, and exfoliation does not occur. A slower, but
ultimately more effective process, uses neutral poly-4-vinylpyridine and results in
an exfoliated composite. A second method involves intercalation of 4-vinylpyridinium
salts, followed by polymerization.
Poly(ethylene oxide) (PEO) matrix composites have also been processed both by

intercalating PEO in solution into organically modified smectic clays [209] and by
melt- mixing clay with PEO and PEO/PMMA mixtures [211,212]. In neither case
does an exfoliated composite result. Aranda and Ruiz-Hitzky [209] dissolved PEO
in acrylonitrile and found that the structure of the PEO changed when the interlayer
cation was changed. Use of Na+ montmorillonite or NH4

+ montmorillonite resulted in
either a helical PEO or a bilayer zigzag PEO structure in the galleries. The PEO ar-
rangement was reversible with exchange of the interlayer cations.

2.4.2.8 Rubber Matrices

Several applications of rubbers might benefit from inclusion of exfoliated clays. Their
greatly reduced permeability [213] would be useful for the inner liners of tires and
inner tubes [214]. In addition, modification of the glass transition temperature
and/or the loss modulus might be useful in a variety of damping applications. Mon-
tmorillonite has been ion-exchanged with a protonated form of butadiene and acry-
lonitrile copolymer. This was subsequently mixed with nitrile butadiene rubber in
the presence of crosslinking agents and resulted in highly dispersed nanocompo-
sites. Nanocomposites have also been prepared from dioctadecyldimethyl ammo-
nium-exchanged montmorillonite in poly(styrene-b-butadiene) matrices [215].
Silicone rubbers have also been successfully intercalated into smectic clays. Burn-

side and Giannelis [216] intercalated Na+ montmorillonite with dimethylditallow am-
monium bromide and then sonicated in a silanol-terminated poly(dimethylsiloxane)
(Mw = 18,000) with a tetraethyl orthosilicate and tin 2-ethylhexanoate crosslinking
agent. Hexadecyltrimethylammonium bromide has also been used successfully as
the intercalating agent [217]. Recently, a latex method was developed in which unmo-
dified clays were mixed with a rubber latex, leading to improved properties over solu-
tion intercalation [218].
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2.4.2.9 Others

Clay/polymer nanocomposites that include poly(e-caprolactone) have been made via
in-situ polymerization [7]. Composites that include poly(p-pheylenevinylene) have
been made via intercalation of poly(xylylenedimethylsulfonium bromide) and subse-
quent elimination of the dimethylsulfide and HBR [219]. Those including cyclic poly-
carbonate [220] or polyethyleneterephthalate have been made via monomer intercala-
tion and subsequent polymerization [221]; and those including polyaniline via in-situ
polymerization of aniline monomer [222].

2.4.3

Nanoparticle/Polymer Composite Processing

There are three general ways of dispersing nanofillers in polymers. The first is direct
mixing of the polymer and the nanoparticles either as discrete phases or in solution.
The second is in-situ polymerization in the presence of the nanoparticles, and the third
is both in-situ formation of the nanoparticles and in-situ polymerization. The latter can
result in composites called hybrid nanocomposites because of the intimate mixing of
the two phases.

2.4.3.1 Direct Mixing

Direct mixing takes advantage of well established polymer processing techniques. For
example, polypropylene and nanoscale silica have beenmixed successfully in a two-roll
mill [5], but samples with more than 20 wt. % filler could not be drawn. This is typical
and is a limitation of this kind of processing method. Nanoscale silica/PP composites
have been processed in a twin-screw extruder, but the dispersion was successful only
after modification of the silica interface to make it compatible with the matrix [223]. A
Brabender high-shearmixer has been successfully used tomix nanoscale alumina with
PET, LDPE [224]. Thermal spraying has also been successful in processing nanopar-
ticle-filled Nylon [142]. When these traditional melt-mixing or elastomeric mixing
methods are feasible, they are the fastest method for introducing new products to
market, because the composites can be produced by traditional methods. This has
been successful in many cases, but for some polymers, the viscosity increases rapidly
with the addition of significant volume fractions of nanofiller, which in turn can limit
the viability of this processing method.
In addition to viscosity effects, nanoparticles can either enhance or inhibit polymer

degradation. One method for measuring degradation is to place the polymer in a high-
shear mixer and measure the torque as a function of time and temperature. As the
material crosslinks, the torque begins to increase (at a constant speed), and when chain
scission begins, the torque decreases. This leads to a peak in the torque, whose posi-
tion is often used as a measure of the degradation time. A recent study on ZnO/LDPE
composites showed that, for nanoparticle/matrix mixtures, the time at the peak in-
creased by a factor of almost 2 [224]; however, micrometer-size particles decreased
the degradation time. In other instances, the catalytic nature of the nanoparticles
greatly decreases the degradation time [225]. Whether degradation is inhibited or en-
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hanced depends on the particle surface activity and the increased interfacial area (par-
ticle size).

2.4.3.2 Solution Mixing

Some of the limitations of melt-mixing can be overcome if both the polymer and the
nanoparticles are dissolved or dispersed in solution. This allows modification of the
particle surface without drying, which reduces particle agglomeration [226]. The na-
noparticle/polymer solution can then be cast into a solid, or the nanoparticle/polymer
can be isolated from solution by solvent evaporation or precipitation. Further proces-
sing can be done by conventional techniques.

2.4.3.3 In-Situ Polymerization

Another method is in-situ polymerization. Here, nanoscale particles are dispersed in
the monomer or monomer solution, and the resulting mixture is polymerized by stan-
dard polymerization methods. One fortunate aspect of this method is the potential to
graft the polymer onto the particle surface. Many different types of nanocomposites
have been processed by in-situ polymerization. A few examples are silica/Nylon6 [227,
228], silica/poly 2-hydroxyethylmethacrylate [229], alumina/polymethylmethacrylate
[230], titania/PMMA [231], and CaCO3/PMMA [232]. The key to in-situ polymeriza-
tion is appropriate dispersion of the filler in the monomer. This often requires mod-
ification of the particle surface because, although dispersion is easier in a liquid than
in a viscous melt, the settling process is also more rapid.

2.4.3.4 In-Situ Particle Processing – Ceramic/Polymer Composites

An interesting method for producing nanoparticle-filled polymers is in-situ sol–gel
processing of the particles inside the polymer. The process has been used successfully
to produce polymer nanocomposites with silica [233] and titania [234] in a range of
matrices [235]. The overall reaction for silica from tetrethylorthosilicate (TEOS) is
shown below.

Si(OC2H5)4 + excess H2O ! SiO2 + 4C2H5OH

The composites can be formed in one of several ways. In the first method, a copolymer
of the matrix polymer and silica precursor are mixed, and the sol–gel reaction is al-
lowed to progress. Figure 2.24 shows an example of the process for silica/polystyrene
composites [233]. During drying, the polymer blocks phase-separate and the silica
regions coalesce. A second approach mixes a silica precursor such as TEOS [236]
with a polymer such as polyvinylacetate [237], polyetherimide [238], or polymethylme-
thacrylate [239]. For example, a recent paper on the processing of TiO2/poly(styrene
maleic anhydride) resulted in excellent dispersion of TiO2 in PSMA [234]. Direct addi-
tion of TiO2 to a PSMA solution resulted in serious aggregation. Therefore, PSMAwas
dissolved in THF, and then tetrabutyl titanate was added under the appropriate condi-
tions. Because the uncondensed TiOH and maleic anhydride could react, the polymer
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coated the titania particles as they formed and prevented agglomeration. A combina-
tion of these first two methods has been used for silica/polydimethylsiloxane (PDMS)
composites in a two step process. First, an unfilled PDMS network was formed, with
TEOS as the end-linking agent. The network was then swelled with TEOS and the sol–
gel reaction was catalyzed [240]. Significant work on determining the parameters affec-
ting particle size has been accomplished with this method [241].
Finally, the polymer and ceramic can be polymerized simultaneously, and compo-

site materials ranging from a few percent to 100% inorganic phase can be formed
[242]. For example, silica/polyacrylate nanocomposites were formed with the simul-
taneous polymerization of HEMA (2-hydroxyethyl methacrylate) and tetraethoxysilane
(TEOS) [229]. This resulted in a continuous interpenetrating network of silica and
polyacrylate. There is a rich chemistry here that has been reviewed elsewhere on
the processing of materials that range from glasses to polymers [243, 244] in which
there is little if any phase separation between the organic and inorganic. We focus here
on systems with discrete, isolated phases.
An interesting variation on in-situ formation of nanoparticles and polymerization is

CVD deposition of nanocomposite films [245]. Here, the chemical precursors aremod-
ified separately and are mixed only just before deposition. Dichloro-p-xylylene was
used as a precursor for poly(dichloro-p-xylyene), and diacetoxydi-tert-butoxysilane
was used a precursor for silica. The resulting microstructure has discrete polymer
and silica phases. This method is promising for the creation of interlayers with a
low dielectric constant.
Barium titanate/polymer nanocomposites have also been prepared in situ by mixing

a titanium alkoxide with a polymer and then casting and drying films. The films are
then reacted with an aqueous solution containing barium, resulting in nanoscale bar-
ium titanate particles within a polymermatrix [246, 247]. Making the precursor and the
polymer compatible improves the degree of dispersion, and using compounds that
tend to form micelles can introduce controlled heterogeneity [246].
Nanosized calcium phosphate particles have been processed by an in-situ deposition

technique in the presence of polyethylene oxide (PEO) or PEO/PVAc mixtures [248].

Fig. 2.24 Example of in-situ synthesis of silica particles in polystyrene. Reprinted with permission from

[233]
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In this method, a polymer-calcium chloride complex is blended with trisodium phos-
phate. As the phosphate and chloride ions diffuse through the polymer, a gel-like
precipitate forms. This can be separated; the size and morphology can be varied by
changing the polymer and/or the polymer concentration.

2.4.3.5 In-Situ Particle Processing – Metal/Polymer Nanocomposites

Metal/polymer nanocomposites have also been processed via in-situ formation of me-
tal particles from suitable metal precursors. The reaction occurs in the presence of a
protective polymer, which limits the size of the particles. Figure 2.25 [249] shows a
reduction scheme that uses a gold precursor and polypyrrole. Once a stable suspen-
sion of metal particles is prepared in the presence of a polymer, the composite can be
cast, or additional monomers, of the same or a different polymer type, can be added to
form a nanocomposite.
Mayer [250] wrote an excellent review paper on the processing of metal/polymer

nanocomposites via in-situ methods in 1998. She reviewed the parameters that affect
particle size, stability, and morphology. Several primary parameters controlled the
particle size, including the choice of metal precursor and the metal/polymer interac-
tion. For example, if PdCl2 is compared with (NH4)2PdCl4, the former tends to form
halogen-bridged complexes and thus tends to form agglomerates of nanoparticles, but
the latter does not. The interaction of the metal precursor with the polymer is also
important. If the polymer has a stronger interaction with the precursor, then the par-
ticle size tends to be reduced [251], because the metal precursors are prevented from
phase separating. In general, becausemost polymers are hydrophobic, precursors with
a more hydrophobic character result in stronger interactions and thus smaller particle
size. Complicating this situation is the ability of the polymer to form a stable suspen-
sion in solution. The rate of reduction affects the particle size, with faster reduction
methods resulting in smaller particles [252, 253].
Another method giving more specific control over particle size and morphology is

the use of either micelles formed from amphiphilic block copolymers (ABC) [254] or
crosslinked/gelledmatrices. For example, through the use of crosslinking and gelation

Fig. 2.25 Schematic of reaction leading to in-situ gold particles in a polymer. Reprinted with permission

from [249]
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reactions, dendritic gold particles can be formed [255]. Amphiphilic block copolymers
provide another avenue of control. Here, block copolymers are used to form micelles.
Metal salts then either penetrate into the micelles or are stable in the micelle corona.
The reducing agent can be added, and metal particles form either within the micelles
or in the corona, resulting in several morphologies shown schematically in Figure
2.26a [250]. Figure 2.26b [294] shows an example of the raspberry morphology for
Pd colloids in a polystyrene-b-poly (4-vinylpyridine) block copolymer matrix that
was reduced with hydrazine. Changing the block length can control the particle size.
This same principle is applicable to other block copolymer morphologies, such as

rods and layers, and leads to interesting morphologies. One thing that is not clear, and
needs to be addressed by theory, is which of these morphologies will lead to the best
properties. Because of the range of metal particles that can be formed, including gold,
silver, palladium [256], platinum, semiconductors [257], and metal oxides [234], tre-
mendous opportunity exists to tune the properties of these systems.
Other methods are available for producing metal nanoparticle-filled polymers, such

as deposition of a metal film onto the polymer [258, 259] and subsequent annealing to
form particles, or electrochemical methods [260], both of which lead to highly con-
trolled thin-film composite structures.

Fig. 2.26a Overall morphologies of block copolymer-metal systems involving

spherical micelle formation of the amphiphilic block copolymers: (a) cherry

morphology, (b) raspberry morphology, (c) strawberry morphology, (d) propo-

sed red currant morphology. Reprinted with permission from [250]
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Fig. 2.26b Electron micrographs of Pd colloids synthesized in Ps-bP4VP block copolymers via reduction

with hydrazine. Reprinted with permission from [253]
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2.4.4

Modification of Interfaces

Literature on the modification of interfaces of traditional composite fillers is extensive.
Many of the methods, however, are not directly applicable to nanocomposites for sev-
eral reasons. Carbon and glass fibers are usually coated as long fibers on a spool, which
is not practical for nanofibers. In addition, methods that require drying the particles
are not appropriate for metal oxide and metal nanoparticles, because during drying
(even at only 100 8C), they may agglomerate significantly. Freeze-drying methods
are more appropriate. Although describing the relevant chemical processes is impor-
tant for understanding nanofiller interfacemodification, this section focuses primarily
on the results of modification, instead of on the detailed chemistry.

2.4.4.1 Modification of Nanotubes

Several reasons exist for modifying nanotubes. The first is to render them more dis-
persible in solution, thus providing a route toward further functionalization or use in
applications. The second is to improve the interaction of the nanotubes with polymer
matrices. Modifying the surface activity of MWNT has focused primarily on doping
them with other elements. Doping MWNT with boron has resulted in changes in the
electronic states [261, 262] and formation of a p-type semiconductor. In addition, bor-
on substitution, as well as other electron-rich substitutions, may very well lead to out-
of-plane bonding configurations that increase the reactivity of the surface with a poly-
mermatrix. Nitrogen doping of MWNT creates an n-type semiconductor and leads to a
bamboo-like structure having ordered regions connected via disordered regions [263].
The nitrogen creates nitrogen-rich cavities in the otherwise graphitic nanotube. Pre-
liminary work has shown that nitrogen doping changes the interface enough to im-
prove the dispersion of nanotubes and results in enough bonding with epoxy matrices
to increase the glass transition temperature by 208 as well as in increased modulus and
strength [264]. In addition, acid treatments and subsequent chemical reactions can
lead to attachment of epoxy groups or even particles to MWNT [265, 266].
SWNT are assembled as ropes or bundles. To maximize their interaction in a poly-

mer matrix, they need to be chemically modified and separated from the bundles. One
way to increase the chemical activity is to use an SWNT with a smaller radius of cur-
vature [267]. A second method is to add functional groups to the ends of SWNT. Car-
boxylic groups have been linked to SWNT ends, and then the SWNT have been teth-
ered to nanoparticles via thiol linkages [268–270]. SWNT have been placed in solvent
through the addition of octadecylamine groups on the ends and a small amount of
dichlorocarbenes on the sidewalls [271]. The first successful method for adding func-
tional groups to the sidewalls involved fluorination at elevated temperatures. The tubes
could then be solvated in alcohols and reacted with other species, particularly strong
nucleophiles such as alkylithium reagents [272]. A simpler route based on a process
used on other carbon species [273, 274] was developed, in which an aryl diazonium salt
was reduced electrochemically, resulting in a free radical that can attach to the carbon
surface of small diameter tubes [271] (Figure 2.27).
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The most exciting development in terms of composites, however, is the dissolution
of full-length SWNT that have been separated from the bundles [275]. Given the issues
of slipping of nanotubes within a bundle discussed earlier, their use in composites
requires separation from the bundles. The process involves, first, partially breaking
up the SWNT bundles in an acidic solution. Carboxylic acid groups are then added
to the ends of the tubes. Finally, the SWNT are placed in an octadecylammonium
(ODA) melt for several days. This results in exfoliated nanotubes. This important re-
sult should eventually lead to SWNT/polymer composites with the SWNT separated in
the polymer, which will provide an avenue for taking advantage of the extraordinary
properties of SWNT.
The development of methods to attach polymers to nanotubes has progressed sig-

nificantly. First, separation of the nanotubes from their aggregates is required. This
separation can be achieved by dispersion in the appropriate solvents with or without
the aid of a surfactant [276] and/or by choosing an appropriate synthesis method. A
polymer chain can then be attached to a bonding site by sonication [277], plasma ac-
tivation [278], chemical etching of the tube ends [279], or chemical adsorption [280].
These advances should lead in the near future to some very interesting copolymers
with SWNT as one block in the polymer and a rich interfacial chemistry. Some evi-
dence suggests that polymers can be patterned by the nanotube surface, providing a
method for templating polymer structures near the surface [281]. It is not clear yet
what role this interface control will have in terms of properties of composites, but
to develop technology that fully exploits the properties of nanotubes in composites,
control over the interface is required.

2.4.4.2 Modification of Equi-axed Nanoparticles

A recent review by Frank Caruso [282] provides extensive background on the modi-
fication of nanoparticle surfaces. He cites two primary methods for modifying an in-
organic nanoparticle surface with organic molecules. The first requires connecting a
short-chain molecule such as a siloxane onto the surface through grafting or strong
hydrogen bonding. The second involves application of a coating by polymerizing a
polymer onto the nanoparticle. In addition, inorganic coatings can be applied.

2.4.4.3 Small-Molecule Attachment

Both metal and metal-oxide nanoparticles are readily modified with small molecules.
They tend to have hydroxyl groups on the surface, although the number of hydroxyl
groups and the strength of the metal-OH bond varies. The most common method

Fig. 2.27 Electrochemical re-

duction of an aryl diazonium salt

to yield, giving a reactive radical

that covalently attaches to a

carbon surface. Reprinted with

permission from [271]
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takes advantage of a long history of modifying metal-oxide glass fiber or filler surfaces.
The hydroxyl group on the nanoparticle surface reacts with a silane coupling agent.
The relative ease of the reaction depends on the nature of the nanoparticle surface
(basicity vs. acidity). The silane coupling agent can have a large variety of functional-
ities attached to the silanol to modify the surface. The chains can be long or short,
hydrophilic or hydrophobic, and linear or bulky. This provides tremendous flexibility
in choosing a coupling agent. Changing the coupling agent can lead to control over the
strength of the interaction between the filler and the matrix, from covalent bonding to
repulsion. The change in bonding leads to increases or decreases in both glass transi-
tion temperature and the modulus, but large effects occur only for particles much less
than 100 nm [128].
Of course, reacting with molecules other than silanes is also common. Nanoscale

titania has been coupled with chelating agents such as lauryl sulfate [283] and with
carotenoids (natural pigments) containing a terminal carboxylate group that reacts
with OH groups on the surface [284].
One creative study underway provides a method for placing one, two, or several

active functional groups on the surface of nanoparticles, followed by passivation of
the rest of the particle. This will result in controlled aggregation of the particles
into dimers, chains, or branched chains [285] (Figure 2.28).

2.4.4.4 Polymer Coatings

Historically, polymer coatings have provided control over the compatibility of the poly-
mer with thematrix and the strength of the interaction. The coating can be grafted onto
the surface of the particle or just highly adsorbed. After the particles are coated they
can be dispersed easily in a matrix of similar chemistry to make low-volume-fraction
composites. The exciting news is that controlling interfacial interactions has moved
well beyond single-component coatings. The possibility for assembling coated nano-
particles directly into useful structures, the core-shell approach, has driven significant
development in multicomponent organic and inorganic coatings. The possibilities of
this approach seem almost endless. We currently know how to graft or strongly adsorb

A

B
C

Organic or

Inorganic Coating

Block Copolymer

Coating

A*

*A

Coating with

Active Sites
Controlled Aggregation and Functionalization

Fig. 2.28 Schematic summarizing many of the possibilities for modifying equi-axed nanoparticles
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several types of polymers onto a surface. In addition, we know how to polymerize
polymers with very monodisperse molecular weight and we know how to make block
(di and tri) copolymers [286]. Progress has also been made in placing inorganic coat-
ings onto particles. This provides flexibility in our ability to engineer the surface of the
particles being placed in composites. No longer will the coating be only for controlling
the extent of the interaction, for it may contain several layers. The role of the first layer
may be to bond with the surface. The second layer may provide electrical, mechanical,
or optical functionality, and the third layer may make the particle compatible with the
matrix and help in controlling the properties. The final layer may have some reactive
sites that could be used to bond particles together and lead to controlled aggregation of
the nanoparticles (Figure 2.28).
In principle, polymer coatings can be produced on organic and inorganic particles by

a variety of polymerization methods. Monomer adsorption and subsequent polymer-
ization, heterocoagulation–polymerization [287], and emulsion polymerization [288]
have been demonstrated on micrometer-scale filler surfaces [287], although not all
have been applied to nanoparticles. Monomer adsorption has been used successfully
in several studies, and initiation has occurred both chemically [289] and via irradiation
[290]. One recently reported method can be used to place nanoparticles (in this case
fumed silica) into a monomer such as styrene or methylmethacrylate. The mixture is

Fig. 2.29a Synthetic scheme for structurally well defined polymer-na-

noparticle hybrids. Reprinted with permission from [292]

Fig. 2.29b Proposed approach

to formation of 3-D polymer

nanocomposite material. Stage

A: synthesis of the core-shell

latex particles with hard func-

tionalized cores and soft inert

shells. Stage B: assembly of latex

particles in a 3-D close-packed

structure. Stage C: heat treat-

ment of the 3-D compact struc-

ture, which leads to flow of soft

shells and formation of a nano-

composite polymers. Reprinted

with permission from [294]
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then irradiated [290]. Themonomer penetrates the silica aggregates, and after grafting,
the surfaces are more hydrophobic and blend more easily with polymers such as poly-
propylene. This treatment leads to more uniform distribution of the particles and
greatly enhanced composite ductility. In some cases, the polymer is not directly
grafted onto but interacts strongly with the surface via hydrogen bonding. For exam-
ple, carboxylic acids are strongly adsorbed to alumina. If the acid contains a polymer-
izable group, then after adsorption, a polymer can be grown from the molecule at-
tached to the surface. This has been shown for maleic acid adsorbed onto a surface
and was used to attach AIBN-initiated 1-octadecene polymers to the surface [291].
Another method that leads eventually to a composite with an ordered array of na-

noparticles involves grafting an initiator onto the surface of the nanoparticles and then
polymerizing a grafted polymer onto the surface [292]. If living radical polymerization
is used, then the particles can be processed into a composite without additional matrix,
to make high-volume-fraction composites with particles in an ordered array. Figure
2.29a shows this for silica particles with grafted polystyrene packed into an ordered
matrix [292]. This process lends itself nicely to block copolymer coatings and even
triblock copolymers. Another method that can lead to multilayer structures is the
use of self-assembled polymer layers in a ‘layer-by-layer colloid templating strategy’
[293]. Here, charged polymers are adsorbed onto charged particles, resulting in a
coated particle with surface charge. A second charged polymer can then be exposed
to the previously charged particles. When this polymer is adsorbed, the surface charge
of the particle is reversed, and the particles have a bilayer coating. This method can be
repeated and enables careful control of the coating thickness and functionality.
A similar core–shell approach has been used to coat a low-Tg polymer onto a high-

Tg latex particle. The coated polymer particles were then taken out of solution and
annealed to create an ordered array of polymer in polymer [294] (Figure 2.29b).
The concept applies to coated nanoparticles other than latex as well.

2.4.4.5 Inorganic Coatings

Inorganic coatings have also been applied to submicrometer particles via either pre-
cipitation of the inorganic coating onto the particles or deposition via a sol–gel type
process. With these methods, silica [295], yttria [296], titania [297], titanium nitride
[298], and zirconia [299] have all been applied to support particles, usually other metal
oxides. The advantage of such coatings is that the nanoparticles (both organic and
inorganic) can be coated with inorganics for further functionalization. For exam-
ple, conducting coatings can be applied, and the optical properties can be tuned.
Sonochemistry can also be used to apply inorganic coatings in much the same way

as described above for the processing of nanoparticles. For example, ZnS coatings (1–
5 nm) on colloidal silica have been prepared in this way [300].
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2.5

Properties of Composites

2.5.1

Mechanical Properties

One of the primary reasons for adding fillers to polymers is to improve their mechan-
ical performance. For example, the addition of high-modulus fillers increases themod-
ulus and the strength of a polymer. In traditional composites, unfortunately, this often
comes at the cost of a substantial reduction in ductility, and sometimes in impact
strength, because of stress concentrations caused by the fillers. Well-dispersed nano-
fillers, on the other hand, can improve themodulus and strength andmaintain or even
improve ductility because their small size does not create large stress concentrations.
In addition, the large interfacial area of nanocomposites provides an opportunity for
altering the matrix properties in unique ways. This section highlights the potential
effect of nanofillers on the modulus, failure stress/strain, toughness, glass transi-
tion, and wear behavior of polymers.

2.5.1.1 Modulus and the Load-Carrying Capability of Nanofillers

In traditional composites, the modulus can be predicted, within bounds, and the me-
chanism that leads to a change in modulus is load transfer. For example, if a high-
modulus filler is added to a lower-modulus polymer, then load transfers from the
matrix to the filler, leading to an increase in modulus. One important question for
nanocomposites is how load is transferred from the matrix to the filler. This is a com-
plicated question, because in some nanocomposites the polymer chain and filler are
almost the same size, and in others, the fillers are atomically smooth, with few func-
tional groups to which the polymer can bond. The importance of load transfer is easily
illustrated with the shear lag discussion commonly applied to graphite fiber/polymer
composites. Figure 2.30a shows a stress–strain curve for a typical high-modulus fiber,
a thermoplastic matrix, and the resulting composite. At a given applied composite
strain, the fiber carries more load than the matrix; therefore stress must be transferred
from the matrix to the fiber. Figure 2.30b shows the stress-transfer behavior on the
micromechanical level. At the fiber end (or at a fiber break) the fiber does not carry
stress. Stress is transferred via a shear stress at the filler/matrix interface, and the rate
of load transfer depends on the shear stress. This highlights the role of the interface in
controlling the modulus of filled polymers. For example, the higher the interfacial
shear stress and the shorter the load transfer length, the more efficient the filler is
in carrying load and the higher the composite modulus. In addition, the higher
the aspect ratio of the filler, the longer the length that carries the maximum load,
and the higher the composite modulus.
To fully understand the modulus of nanocomposites, a second mechanism in addi-

tion to load transfer must be considered. For example, the filler can constrain the
mobility of the polymer chains as well as their relaxation spectra [120], which can
change the glass transition temperature [120, 121] and modulus of the matrix. Nano-
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fillers can also change the degree or type of crystallinity in a polymer, which also
changes the modulus [140, 141]. These two mechanisms of reinforcement are ad-
dressed for each geometry of nanofiller below.

Nanotubes

Consider nanotube-filled polymer composites. The modulus of nanotubes may be
significantly higher than that of any graphite fiber, and therefore, they have the po-
tential to yield higher composite moduli at the same filler volume fraction than a
graphite fiber composite. In addition, because of their small size, if properly dis-
persed, nanotubes may not decrease the strain-to-failure. But, how is load transferred
to a nanotube? Qian et al. [148] and Yu et al. [28] have shown, as first described by
Wagner [29], that MWNTs fail via a sword-and-sheath mechanism (see section
2.2.1). This implies that, even if load is transferred to the outermost nanotube in a
MWNT, the inner tubes slide within the concentric cylinder and do not carry
much load. This situation limits the efficiency of MWNT/polymer composites, be-
cause only a small portion of the volume fraction of the MWNT carries load. Evidence
for this was shown for MWNT/polystyrene composites, in which the effective mod-
ulus of the MWNT in the composite was only 500 GPa [148] but the measured mod-
ulus of the MWNT is close to 1TPa. Therefore, to minimize the number of layers not
carrying load, 2–3 layers are preferable.
For SWNT composites, the SWNT are in a bundle and, as was suggested earlier,

individual SWNTs may slip within the bundle. Work by Yu et al. [27] showed that,
if only the nanotubes on the outer edge of a SWNT in a bundle are used to calculate
themodulus, it is close to the predicted 1 TPa. However, if the whole area of the bundle
is used, the calculated modulus is considerably lower. This suggests that, until the
SWNT are isolated from the bundles or the bundles are crosslinked, the modulus
of composites made from these materials will be limited. Fortunately, progress is
being made in obtaining significant volume fractions of exfoliated nanotubes [279].
A final issue of relevance is the waviness of the nanotubes. If they are not straight

when placed in the composite, then, as recently reported [301], the modulus of the
composite is significantly decreased.
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Fig. 2.30 Schematics of (a) stress vs. strain curve for a typical high modulus

fiber, a thermosetting polymer, and the resulting composite, (b) transfer of

strain from the matrix to the fiber near the fiber end
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Clays

Plate-like fillers can also increase the modulus of a polymer significantly. A compar-
ison of the upper bound modulus prediction (assuming incompressibility) shows that
the modulus for well-aligned platelets can be three times that for well-aligned fibers
[302]. In addition, there is direct evidence that nanoclay carries load; for example, as
the aspect ratio of the clay layers increases, the modulus increases. Some indirect
evidence [303] also shows that the stiffness of the clay layers affects the modulus
(e.g., a stiffer filler leads to a higher composite modulus). Neither of these observa-
tions is surprising if the clay platelets are carrying load. Other studies, however, sug-
gest that the modulus increase is not entirely due to the load-carrying ability of the
platelets, but is caused by the volume of polymer constrained by the platelets [174].
This suggests that, to optimize the increase in modulus, the degree of dispersion
must be optimized to maximize the degree of matrix/filler interaction. Work on
PP nanocomposites [304], in which adding maleic anhydride (MA) to the matrix chan-
ged the degree of filler dispersion, supports this suggestion. Despite the plasticizing
effect of MA, the modulus improved, due to enhanced dispersion of the clay. Addi-
tional evidence [305] (Figure 2.31) relates the interlayer spacing to the modulus. Lan
and Pinnavaia [202] found that, as the degree of exfoliation increased by changing the
length of the alkylammonium intercalating chain, the modulus and strength im-
proved. As the polymer intercalates and swells, the layers and the area of interaction
between the polymer and the filler increase, and the modulus increases significantly.

Fig. 2.31 Relationship between storage modulus and interlayer spacing during

the melt intercalation process. Reprinted with permission from [305]
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The specific role of the clay/polymer interface in controlling the modulus is also
becoming clearer. An interesting study on the modulus of clay/Nylon 6 composites
examined the modulus as a function of the ionic strength (as measured via 15N-NMR
chemical shifts) of the clay [182] (Figure 2.32). Another study determined the types of
matrix/filler interactions responsible for modulus changes [306] (Figure 2.33). Using
short-chain alkylammonium ionsminimized the type-B interactions, allowingmore of
the polymer (epoxy) to interact directly with the clay surface (type-A interactions). Di-
rect interaction of the matrix with the clay basal planes led to a larger increase in the
modulus. It is not clear if the modulus increase caused by the type of interaction and/
or the ionic strength is due to an increase in the interfacial shear stress (the load-bear-
ing efficiency of the clays), the ability of the clay to constrain the polymer, or increases
in the degree of crystallinity. These effects are all related, and the exact mechanism is
still an open question.

Fig. 2.32 Relationship between strength of poly-

mer/filler interaction as measured by 15N-NMR

shift and the tensile modulus at 120 8Cof clay/nylon

hybrids. Reprinted with permission from [182]

Fig. 2.33 Schematic of the types of interfacial interactions occurring in po-

lymer-organoclay nanocomposites including direct binding (adsorption) of the

polymer to the basal siloxane oxygens (type A), “dissolving” of the onium ion

chains in the polymer matrix (type B), and polymer binding to hydroxylated

edge sites (type C). Reprinted with permission from [206]
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Further evidence that the polymer/clay interaction plays a significant role in con-
trolling mechanical behavior is that the improvement in properties tends to be higher
above the glass transition temperature than below it [307]. Figure 2.34 shows this
explicitly for montmorillonite/modified PP matrix composites. Below Tg, the modu-
lus increases by a factor of 2, and above Tg it increases by a factor of 2.5. This behavior
is also seen for epoxy matrices. When a brittle epoxy with a Tg well above room tem-
perature was reinforced with organically modified montmorillonite (OMMT), the in-
crease inmodulus at room temperature was modest. In contrast, when an epoxy with a
Tg below room temperature was used as the matrix, the modulus (and strength) im-
proved by a factor of 10 at 15wt. % of filler [202]. A strong clay/polymer interaction
affords more opportunity for immobilization above Tg than below Tg. In addition, if
the surface area for interaction decreases, the modulus decreases. This result was also
observed in OMMT/polyimide composites. The modulus increased by 1.4 over that of
unfilled polyimide, but at higher volume fractions it started to decrease, presumably
due to aggregation of the filler [308].

Equi-axed nanoparticles

The size scale for equi-axed nanoparticle/polymer composites ranges from hybrid
nanocomposites, in which the matrix and filler are so intimately mixed that they
are no longer truly distinct, to discrete particles in a continuous matrix. We focus
here on discrete fillers more than approximately 5 nm in diameter. The matrix sig-
nificantly influences changes that occur in modulus and strength. For example, in

Fig. 2.34 Relative dynamic

storage modulus of polypropy-

lene clay hybrids as a function of

temperature at filler loadings of

2–5 wt. percent. Reprinted with

permission from [304]
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alumina/PMMA composites, the modulus decreased for very weak particle/polymer
interactions [127]. In silica/polystyrene composites in which the particle was grafted to
a polymer chain, however, the modulus increased [129]. In addition to the reinforcing
effect that the particles can contribute, the increase or decrease in modulus is also
related to the effect of the particles on the polymer’s mobility. Changes in the Tg
are strong evidence that polymer mobility is significantly altered. Tg increases for
strong polymer/filler interactions and decreases for weak interactions [129]. Given
the sensitivity of the polymer modulus to the temperature relative to Tg, changes
in Tg can lead directly to changes in modulus. A third mechanism, namely localized
yielding near the particles, may also decrease the modulus at very low and seemingly
macroscopic elastic strains.

2.5.1.2 Failure Stress and Strain – Toughness

The addition of rigid micrometer-scale fillers to a polymer often increases its strength,
but decreases the toughness. This tradeoff is a significant technical problem for com-
mercial applications of filled polymers. The reason for the decrease in ductility is
straightforward: the fillers or agglomerates act as stress concentrators, and the defects
initiated at the filler quickly become larger than the critical crack size that causes fail-
ure.
Well-dispersed nanoparticles are much smaller than the critical crack size for poly-

mers and need not initiate failure. Thus, they provide an avenue for simultaneously
toughening and strengthening polymers. Proper dispersion is critical for achieving
this. For example, Hasegawa et al. [307] studied the dispersion of clays in polypropy-
lene. When they achieved exfoliation, the strain-to-failure ratio remained high
(>200%) at loadings as high as 3%, but even a small amount of aggregation decreased
the strain-to-failure ratio to 5%–8%. Another example is polyimide matrices, in
which the exfoliation is not complete and the strain-to-failure ratio decreases by
72% with just 1% of OMMT [308]. Further addition of OMMT causes further aggre-
gation and a precipitous drop in the strain-to-failure ratio. Many authors report an
optimum volume percent of filler and claim that the decrease in strain-to-failure ratio
above the optimum is due to agglomeration [147].
Although the small size of nanoparticles, based on the explanation above, should not

decrease the strain-to-failure, it also should not cause the observed increases in the
strain-to-failure [127]. Clearly, there is a second mechanism operating. The lack of
discussion on toughening polymers with rigid particles means we must turn to
the literature on rubber toughening of polymers to obtain hints about the second me-
chanism. An excellent review on rubber toughening [309] provides the background
required for this discussion. First, the toughness of a material can be defined as
the energy to cause failure. This is related to the deformation in the material, but
also to the volume of material undergoing deformation. Even brittle amorphous poly-
mers such as polystyrene and polymethylmethacrylate have the potential for large
deformation, but the volume of material undergoing deformation is small. Material
must first strain-soften after yielding and eventually strain-harden. If the material does
not strain-soften, then defects in the material lead to stress concentrations that cause
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catastrophic brittle failure. If strain softening occurs prior to strain hardening, then the
strain-hardened region draws a larger volume of material into the deformation zone
and a large strain-to-failure results. If strain softening occurs, but not strain hardening,
the initially strain-softened material propagates the crack. Figure 2.35 [309] illustrates
all three scenarios with Considere’s construction.
Plastic deformation and strain hardening can occur via two different mechanisms:

crazing and shear yielding. Crazing is the result of dilatational strains that cause an
increase in volume and subsequent drawing of the material between the voids (fibrils).
Thus, strain softening occurs due to dilatational strains in front of a craze tip and at the
craze/matrix boundary, and strain hardening occurs, which allows drawing and strain
hardening of the material in the craze. In principle, this allows the crazes to thicken
and the volume of deformedmaterial to increase significantly. Unfortunately, in many
brittle amorphous polymers, failure initiates at the craze/bulk polymer interface and
the volume of deformed material is small.

Fig. 2.35 Schematic of Consi-

dere’s construction. True stress

is plotted against extension ra-

tio, and tangents are drawn

through the origin. The first

tangent defines the strain at

which the tensile load reaches a

maximum (the engineering yield

stress, ry). The second tangent

marks the point at which strain

hardenening stabilizes the neck

(the natural draw ratio kd). Fai-
lure at point A between the two

tangents gives a low extension to

break (curve a). Failure beyond

the second tangent gives curve

b. Reprinted with permission

from [309]
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Shear yielding also results in strain softening and strain hardening and can result in
stable neck formation and significant toughness. Due to the large change in shape that
shear stress causes, a triaxial stress state forms in the center of the sample, which can
lead to void formation and crack growth.
In rubber particles having a shear modulus <0.1 that of the matrix, the yield stress

decreases due to the stress concentration caused by the soft rubber (which is essen-
tially a void in terms of stiffness). If the particle does not cavitate, then the only effect of
the addition is to delocalize the stress and allow a significant volume of material to
yield and to limit craze formation. This effect leads to modest improvements in strain-
to-failure and toughness and may occur at a critical interparticle spacing [310]. If, on
the other hand, the rubber particle cavitates, then the stress state in the matrix between
particles is biaxial or uniaxial and can lead to significant drawing (strain hardening) of
the matrix. By this mechanism, large volumes of matrix are drawn into the deforma-

Fig. 2.36 (a) True stress–true strain curves at room temperature for PP-based

materials. (b) Corresponding volume strain versus elongation for the PP-based

materials. Reprinted with permission from [311]
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tion zone and toughening occurs. In addition, the rubber particles strain-harden and
thereby strengthen the most highly deformed regions, allowing a large volume of
material to participate in the deformation process.
How does this apply to nanoparticle-filled polymers? First of all, if the particle/poly-

mer interaction is weak, then the nanoparticles can essentially act as voids, which
initiate yield and allow for shear bands to form and then thicken. Evidence of this
mechanism is provided by several studies. Video extensometry was used to monitor
the volume strain as well as the true stress-vs.-strain behavior of clay-filled PP and
nylon 6 [311]. The results are fascinating. The typical failure mechanism for nylon
is shear banding, but the addition of well-dispersed montmorillonite encouraged ca-
vitation. This added another mechanism of deformation and increased the volume of
material involved in deformation. Figure 2.36 shows a graph of the volumetric strain,
as well as a scanning electronmicrograph of the fibrillation. Interestingly, this result
occurred only for weak polymer/clay interactions or for strong interfacial interactions
at temperatures above Tg. In addition, crystalline alumina-filled PMMA [127] with
weak particle/polymer interactions exhibited an order of magnitude increase in the
strain-to-failure. Evidence for cavitation was seen via fractography (Figure 2.37).
Another example in which nanoparticle inclusions lead to significant improvements

in strain-to-failure and/or toughness is rubber matrices. Here, even if the interaction
between the particle and polymer is strong, the soft material around the particle can
easily lead to interface failure. In rubbery epoxy, the strain-to-failure is maintained for
exfoliated nanocomposites [202] and can be improved by using magadiite to reinforce
relatively ductile epoxy [207]. The addition of OMMT to polyurethane improved the
strain-to-failure by a factor of two [208]. This may be due to a plasticizing effect of

Fig. 2.37 Field-emission electron micrograph showing cavitation surrounding

weakly bound 39 nm alumina particles in PMMA. (Thanks to B. Ash for this

micrograph)
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the alkylammonium ions, but did not result in a decrease in strength or modulus.
Figure 2.38 shows the stress–strain curve for a representative sample. Other inves-
tigators have found similar results [312], which can be maximized when the intercalat-
ing agent acts as a crosslinking agent.

2.5.1.3 Glass Transition and Relaxation Behavior

As discussed in section 2.1, the interfacial region is extremely large in nanocompo-
sites. The interaction of the polymer with the nanoparticles gives significant oppor-
tunity for changing the polymer mobility and relaxation dynamics. For example, poly-
styrene chains intercalated between the layers of a smectic clay have more mobility
locally than in the bulk polymer [313]. This greater mobility may be due to an ordering
that occurs between the layers, which creates low- and high-density regions, thus pro-
viding the opportunity for mobility in the low-density regions [314]. If, however, the
polymer is tethered to the clay, the relaxation spectra broaden to include slower relaxa-
tion times, suggesting that the clay can reduce the mobility locally. Recent work on
silica/polyvinylacetate nanocomposites indicates that, for equi-axed particles, the over-
all effect of the filler is to create a weak network structure that contains both physical
entanglements in the matrix phase and ‘trapped’ entanglements arising from tempor-
ary bonds to the filler particles. This suggests a greater far-field effect of altering chain
dynamics than simply a local immobilization of the polymer chain [318]. Another
example of altered mobility was found for gold particles dispersed in poly(tert-butyla-
crylate). For particle sizes <10 nm, the viscosity of the low molecular weight polymer
at 30 vol. % filler increased by a factor of 4 [315]. The authors claim this result is due to
bridging of the polymer chains between the particles. The bridges have relatively long
lifetimes and decrease segmental motion at the interface compared to the bulk.
Although the specific mechanics of chain dynamics discussed above are not yet

completely understood, it is very clear that the rheology/glass transition temperature
of a polymer can be controlled by changing the polymer mobility with nanocomposite

Fig. 2.38 Stress–strain curves

for (a) a pristine polyurethane

elastomer, and (b) a polyur-

ethane-clay nanocomposite at a

strain rate of 1.0 in/min. Re-

printed with permission from

[208]
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interfaces. For example, the glass transition temperature can be eliminated for clay
nanocomposites with intercalated polymer chains. This indicates a limited ability
for cooperative chain motion when the polymers are confined between the layers
[131]. If the clays are exfoliated, and thus the polymer is not confined between
layers, the Tg does not change significantly.
Without the help of confinement, the Tg can be increased if the polymer is tightly

bound to the nanofiller. Increases of 108 have been observed for clay-filled Nylon,
PMMA, and PS [196], as well as for polyimide composites [308]. The behavior is
not limited to clays. A Tg increase of almost 308 was observed for exfoliated gra-
phite/polystyrene composites [80], as was a 208 increase for nitrogen-doped carbon
nanotube/epoxy composites [264]. The Tg also changes in nanoscale equi-axed parti-
cle-filled composites. The addition of CaCO3 to PMMA resulted in a 358 increase Tg at
6 wt. % filler when the composites were prepared via an in-situ process [232]. Smaller
increases were observed for silica/PMMA [128] nanocomposites.
The Tg can decrease if the interaction between the filler and the matrix is weak, as

has been observed with silica [128] and alumina-filled PMMA [316]. This decrease in
Tg was recently given more attention in nanoalumina/PMMA composites, where it
was found that the Tg did not decrease until a critical volume fraction was
reached. Furthermore, changing the particle surface and making it compatible
with the matrix eliminated the Tg depression.
The explanation for the increase or decrease in Tg in the thermoplastics may be

related to the thin film results discussed in section 2.3.
Of course, chain dynamics affect much more than the glass transition temperature.

Recent studies have attempted to understand the role of filler/polymer interaction, to
begin to understand the role of nanofillers in controlling damping, melt rheology, and
other dynamic processes [131, 317, 318].

2.5.1.4 Abrasion and Wear Resistance

Although it is well known that the abrasion resistance of filled polymers depends on
particle size, the incorporation of nanoscale fillers has led to unexpected results. For
filler particles that are larger than the abrasive particles, most of the filler particles are
stable and increase the abrasion resistance of the composite. As the filler size is de-
creased to a size similar to that of the abrading particles, filler particles are removed,
and the abrasion resistance is compromised. This does not happen on the nanoscale,
however. For example, the addition of nanoscale CaCO3 to PMMA resulted in a sig-
nificant decrease (factor of 2) in material loss due to abrasion at only 3 wt. % of filler
[232]. In addition, nanoparticles can simultaneously improve wear resistance and de-
crease the coefficient of friction. With larger-scale fillers, increased wear resistance is
accompanied by an increased coefficient of friction, which has been observed for si-
lica/Nylon [319] as well as for polyetheretherketone matrix composites filled with
ZrO2, SiC, SiO2, and Si3N4 [320–323] and for sheet silicates in polyimide [324].
The coefficient of friction measured as dry sliding against steel decreased monotoni-
cally with increasing weight percent of fillers. The authors attributed this finding to an
improved and tenacious transfer film that was generated on the counterface, an area
that needs further exploration.
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2.5.2

Permeability

The reduced gas and liquid permeability of nanofilled polymers makes them attractive
membrane materials. The large change in permeability of liquid or gas through a
composite material can be explained from simple predictions [325, 326]. Given a
plate-like material with an aspect ratio of L/W dispersed parallel in a matrix, Nielson
calculated the tortuosity factor s as

s = 1 + (L/2W)Vf (1)

where Vf is the volume fraction of plate-like filler. The relative permeability coefficient
Pc/Pp, where Pc and Pp are the permeability coefficients of the composite and polymer
matrix, respectively, is given by

Pc/Pp = 1 / (1 + (L/2W)Vf) (2)

A slightly more rigorous analysis for a random in-plane arrangement of plates yields

Pc/Pp = 1 / (1 + l(L/W)2(Vf
2/(1 – Vf) (3)

where l depends on the distribution of the plate-like material. In either case, the hig-
her the aspect ratio of the filler, the larger is the decrease in permeability. Yano et al.
[188] compared Eq. 2 to data on clay-filled polyimide (Figure 2.39) and found a good fit.
The large reductions in permeability (Figure 2.39) occur at only 2 wt. % for exfoliated
composites (Figure 2.40) [8]. The barrier, however, is sensitive to the degree of disper-
sion and the alignment of the plates. Significant reductions in permeability were also
reported for exfoliated clay/PET [327], Nylon [328], and polycaprolactone [7] compo-
sites. The reduction is linear with the wt. % of filler for polycaprolactone [7], but for
polyimide [8] (Figure 2.40), the decrease in permeability with wt. % of filler is nonli-
near.

Fig. 2.39 Effect of clay layer size on relative per-

meability compared with the prediction from Eq.

4.2.2. for clay/polyimide nanocomposites. Reprin-

ted with permission from [188]
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Several nanocomposites are being produced commercially for barrier applications
[327]. They include a vermiculite clay/PET composite with oxygen permeation values
of �1 cc m-2 d-2, produced by ICI Corporation, which is significantly less than that of
pure PET. Ube Industries produces a Nylon/clay hybrid whose permeability is less
than that of Nylon by a factor of 2 at 2 wt. % filler.
Apparently, significant improvements in barrier properties are also achievable with

nonplate-like nanoparticles [329]. NanoMaterial Inc. reports that a PVA/EVOHmatrix
composite with 7 nm silica and titania nanoparticles exhibits a gas permeability of 1 cc
m-2 d-1 atm-1 and moisture permeability of less than 1 g m-2 d-1. Although this is
achieved at very high loadings, the material is melt processable.
The absorption of water into composites is significant. For example, one of the lim-

itations of Nylon is the reduction in mechanical properties that accompanies the ab-
sorption of water. The addition of exfoliated montmorillonite increases the resistance
to water permeation after 30 min from 2% to 1% at 5 wt. % of filler [330]. The me-
chanism of the reduction is attributed to the constrained region of the Nylon. If the
constrained region is taken into account, the diffusion coefficient follows a rule of
mixtures. Figure 2.41 shows the change in diffusion coefficient of water in Nylon
in response to clay content.

Fig. 2.40 Effect of montmorillonite content on

relative permeability coefficient of water vapor in

polyimide nanocomposites. Reprinted with per-

mission from [8]

Fig. 2.41 Dependence of diffusion coefficient of

water on clay content for montmorillonite with a

layer width of 100 nm, and saponite with a layer

width of 50 nm. Reprinted with permission from

[330]
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2.5.3

Dimensional Stability

Dimensional stability is critical in many applications. For example, if the layers of a
microelectronic chip have different thermal or environmental dimensional stabilities,
then residual stresses can develop that cause premature failure. Poor dimensional
stability can also cause warping or other changes in shape that affect the function
of a material.
Nanocomposites provide methods for improving both thermal and environmental

dimensional stability. The first mechanism by which nanofillers can affect the coeffi-
cient of thermal expansion (CTE) of a polymer is also observed in traditional fillers.
The composite CTE changes according to the volume average of the two CTEs. For
traditional fillers, at low volume fractions of filler, this change in CTE is almost linear.
Figure 2.42 shows the CTE for polyimide filled with exfoliated montmorillonite [8]. In
contrast to traditional fillers, the dependence is nonlinear. This leads to the second
mechanism effecting CTE – the interfacial region. It may be that the nonlinear effect
is due to the increase in volume of polymer that is behaving similar to a thin film and
has a lower CTE than the bulkmatrix. Observations that, in thin films that interact with
a substrate, the CTE decreases as the film thickness decreases below 10 nm [118] sup-
port this possibility.
Nonlinear dimensional changes are also observed for nanofilled rubbers that swell

in the presence of a liquid. This is a well-known phenomenon [331] and is again due to
the interfacial region around the particles, as discussed in section 2.3. The effect of this
layer increases as the strength of the particle/polymer interaction increases [332]. The
behavior is also observed in recently developed nanofilled rubbers. In comparisons of
the behavior of montmorillonite/PDMS composites with other conventional alumino-
silicates or carbon black [216], the relative swelling of the montmorillonite/PDMS
composites was about half that of both unfilled PDMS and carbon black/PDMS.Mean-
while, kaolinite increased the swelling. The authors argued that the decrease in swel-
ling is due to a bound polymer layer and that the large surface area and very strong
polymer/filler interaction enhance swelling resistance. Reduced swelling was ob-
served recently in nanoparticle titania/epoxy composites [147].

Fig. 2.42 Effect of montmorillonite content on

thermal expansion coefficient of polyimide clay

hybrids at (a) 150 8C, (b) 200 8C, (c) 250 8C, (d)
295 8C. Reprinted with permission from [8]
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A recent paper described the addition of OMMT to the type of PMMA used in dental
work [333]. Here, PMMA is added to MMA monomer, and the resulting mixture is
polymerized under ultraviolet light. The shrinkage occurs largely during polymeriza-
tion, which causes internal stresses and reduces the lifetime of the filling. The addition
of OMMT to the PMMA/MMAmixture, however, reduces shrinkage considerably and
thus lowers the stresses that form. This may provide an excellent method for increas-
ing longevity.

2.5.4

Thermal Stability and Flammability

The first indications that nanoclays could increase the thermal stability of polymers
was demonstrated in 1965 for montmorillonite/PMMA composites. The degradation
temperature (defined as 50% mass loss) increased about 50 8C for a composite with
only 10 wt. % PMMA (90 wt. % filler) [334]. More recently, the degradation tempera-
ture of PDMS was found to increase about 140 8C with 10 wt. % montmorillonite for a
delaminated nanocomposite [216]. A 50 8C increase was found for intercalated clay/PE
composites [143]. The dispersion of the clays is critical to increasing the degradation
temperature. Delaminated composites have significantly higher degradation tempera-
tures than intercalated nanocomposites or traditional clay composites [335]. Some
speculate that this increase in stability is due to the improved barrier properties of
the composites. If oxygen cannot penetrate, then it cannot cause oxidation of the resin
[216]. In addition, the inorganic phase can act as a radical sink to prevent polymer

Fig. 2.43 Comparison of the heat release rate (HRR) plot for Nylon-6, Nylon-6

silicate-nanocomposite (mass fraction 5 percent) at 35 kW/m2 heat flux, sho-

wing a 63 percent reduction in HRR for the nanocomposite. Reprinted with

permission from [338]
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chains from decomposing. The improved thermal stability of some composites may be
limited by the lower thermal stability of alkylammonium ions. For example, in inter-
calated clay/polystyrene composites, the intercalating agent decomposes at about
250 8C. Bonding the intercalating ion to the polystyrene matrix noticeably improved
the thermal stability. Polyimide [308] and polymethylmethacrylate [333] also become
more thermally stable with the addition of OMMT.
In addition to thermal stability, the flammability properties of many clay/polymer

nanocomposites are also improved [336, 337, 338]. Figure 2.43 shows typical plot of the
heat release rate (HRR) vs. time for Nylon-6 and a clay/Nylon-6 nanocomposite with
only a few wt. % of filler. The HRR increases at a lower temperature for the nanocom-
posite, but levels off quickly. Clay nanocomposites commonly show a 60% reduction
in peak HRR relative to unfilled polymer (Table 2.2). In addition, the mass loss rate is
the same for the twomaterials until a char forms, and then the nanocomposite exhibits
a significantly lower mass loss rate. Observation of the char suggests that the layered
silicate collapses during combustion and forms a uniform layered structure (interlayer
spacing about 1.3 nm). The layers act to reinforce the char and reduce the permeability
of the char, reducing the rate of volatile product release. The structure of the char was
fairly uniform for several different matrices and independent of the initial microstruc-
ture of the composite (intercalated or delaminated).
Combining traditional flame retardants with intercalated or exfoliated clays can re-

sult in further improvements in flame retardance [339, 340]. An additional advantage

Tab 2.2 Cone calorimeter data. Heat flux: 35 kW/m2, Hc: heat of

combustion, peak heat release rate, mass loss rate, and specific

extinction area (SEA) data are reproducible to within �10%. The

carbon monoxide and heat of combustion data are reproducible to

within �15%. Reprinted with permission from [338].

Sample

(structure)
Residue

yield

(%) � 0.5

Peak HRR

(D %)

(kW/m2)

Mean

HRR (D %)

(kW/m2)

Mean Hc

(MJ/kg)

Mean

SEA

(m2/kg)

Mean

CO yield

(kg/kg)

Nylon-6 1 1010 603 27 197 0.01

Nylon-6 silicate-nanocomposite

2 % delaminated
3 686 (32 %) 390 (35 %) 27 271 0.01

Nylon-6 silicate-nanocomposite

5 % delaminated
6 378 (63 %) 304 (50 %) 27 296 0.02

Nylon-12 0 1710 846 40 387 0.02

Nylon-12 silicate-nanocomposite

2 % delaminated
2 1060 (38 %) 719 (15 %) 40 435 0.02

PS 0 1120 703 29 1460 0.09

PS silicate-mix 3 % immiscible 3 1080 715 29 1840 0.09

PS silicate-nanocomposite

3 % intercalated
4 567 (48 %) 444 (38 %) 27 1730 0.08

PS w/DBDPO/Sb2O3 30 % 3 491 (56 %) 318 (54 %) 11 2580 0.14

PP 0 1525 536 39 704 0.02

PP silicate-nanocomposite

2 % intercalated
5 450 (70 %) 322 (40 %) 44 1028 0.02

2.5 Properties of Composites 137137



of nanoclay composites relative to traditional flame retardants is the improvement in
other properties, such as the heat distortion temperature and the bending modulus.
The flammability resistance of clay-filled polymers indicates that their ablation re-

sistance might also be excellent. As a material is heated during ablation, the surface of
the material reacts and forms a tough char. If the char is not reinforced, it fails and is
removed from the surface, exposing more material [341]. Traditional composites re-
quire a significant weight fraction of filler (more than 30 wt. %) to achieve significant
ablation resistance. On the other hand, 2–5 wt. % nanoclay-filled Nylon 6 exposed to a
mock solid rocket motor firing rig formed a layer of char on the surface that was tough
and significantly retarded further erosion [341]. In addition, oxygen plasma forms a
passivation layer on Nylon 6/layered silicate nanocomposites, which significantly re-
tards further erosion of the composite surface [342]. This behavior is not a strong
function of the organic molecules used to modify the clay or the strength of the
clay/polymer interaction [342], but is a function of the degree of exfoliation [341].

2.5.5

Electrical and Optical Properties

The electrical and optical properties of nanofilled polymers are exciting areas of re-
search. This is particularly true because of the possibility of creating composites
with unique combinations of functionalities, such as electrically conducting compo-
sites with good wear properties that are optically clear. Such properties can result
because nanoparticles, with diameters distinctly below the Rayleigh scattering lim-
it, still display their solid-state physical properties when embedded in transparent ma-
trices.
Optical composites have been defined as composites consisting of optically active

nanoparticles embedded in a transparent host material, often a polymer [343]. Optical
composites take advantage of the optical properties ofmaterials that are hard to grow in
single-crystal form or that require protection from the environment and give them the
ease of processing afforded many polymers. In addition, sometimes the material must
be used at the nanoscale to achieve specific optical properties, and the matrix is used
just to hold the particles together and provide processability. For example, high-grade
optical composites, with properties otherwise obtainable only in optical glasses, be-
come accessible through the use of polymer molding techniques.
The following sections briefly review some of the literature in this area.

2.5.5.1 Resistivity, Permittivity, and Breakdown Strength

Electrical properties are expected to be different when the fillers get to the nanoscale
for several reasons. First, quantum effects begin to become important, because the
electrical properties of nanoparticles can change compared to the bulk. Second, as
the particle size decreases, the interparticle spacing decreases for the same volume
fraction. Therefore, percolation can occur at lower volume fractions. For example,
the high aspect ratio of carbon nanotubes or exfoliated graphite leads to percolation
at a lower volume fraction and thus increases in electrical conductivity of polymers at a
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lower volume fraction than in nonexfoliated graphite [80]. This can be understood
from geometric considerations. Figure 2.44 [344] shows an example of this behavior
for ZnO-filled low-density polyethylene. In addition, the rate of resistivity decrease is
lower than in micrometer-scale fillers. This is probably due to the large interfacial area
and high interfacial resistance.
The permittivity of polymers can also be increased with the addition of many metal

oxide fillers, on both the micro- and nanoscale. The use of micrometer-scale fillers for
this application, however, results in a significant decrease in breakdown strength due
the field concentration created by the particles. One of the significant advantages of
using nanoscale fillers instead of micrometer-scale fillers may be a reduction in the
loss in breakdown strength. The breakdown strength decreases for micrometer-scale
fillers because of the field concentration the particles create. Nanoscale fillers do not
lead to as large a reduction in breakdown strength. Preliminary results using ZnO/
low-density polyethylene composites show that at 50 wt. % of filler, the breakdown
strength of the nanofilled LDPE is about 10% higher than that of LDPE filled with
submicrometer ZnO [344]. In addition, fundamental to controlling the breakdown
strength of insulating polymers is the cohesive energy density [345] and the free vo-
lume or mobility of the polymer [346].
Nanotubes can also be used to change the resistivity. Recently, such a behavior was

demonstrated in a conjugated luminescent polymer, poly(m-phenylenevinylene-co-
2,5-dioctoxy-p-phenylenevinylene) (PPV), filled with MWNT and SWNT. Nanotube/
PPV composites have shown large increases in electrical conductivity compared to
the pristine polymer, of nearly 8 orders of magnitude, with little loss in photolumi-
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Fig. 2.44 Resistivity vs. volume fraction for nanoscale andmicrometer scale ZnO filler

in low density polyethylene. (Thanks to J. Hong for this figure)
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nescence/electroluminescence yield. In addition, the composite is far more robust
than the pure polymer with respect to mechanical strength and photo-bleaching prop-
erties (breakdown of polymer structure due to thermal buildup). Preliminary studies
indicate that the host polymer interacts weakly with the embedded nanotubes but that
the nanotubes act as nanometric heat sinks. Recent experimentation with composites
of conjugated polymers such as PPV and nanotubes, show a promising new phenom-
enon. Apparently, the polymer chains wrap around nanotubes suspended in dilute
solutions of the polymer. Microscopy suggests that coiled polymer chains can interact
strongly with nanotubes and assemble on the nanotubes, leading to the creation of
unique interfaces affecting the electronic and optical properties of the polymer [347].
An interesting example of how nanocomposites may affect electronics is the devel-

opment of photo-patternable hybrid inorganic–organic polymers with negative resist
behavior. They are composed of inorganic oxidic structures that are cross-linked or
substituted by organic groups. They are synthesized from organosilane precursors
reacted by sol–gel processing in combination with organic cross-linking of mono-
mers. The processing is often integrated with micro-patterning technologies to fabri-
cate dielectric and passivation layers in microelectronic systems and devices as well as
cladding for optical applications [348].

2.5.5.2 Optical Clarity

A limitation in the development of optical composites or transparent nanocomposites
with improved mechanical or electrical performance is minimizing light scattering
due to the presence of the particles. The scattering power for light propagation
through a collection of scattering particles can be predicted by Rayleigh scattering:

Pscat – 24 p4 Po q ( (n’ – n)/n2) (V2/k4)

Where Po is the incident power, q is the concentration of particles, n’ is the refractive
index of the particles, n is the refractive index of the matrix, V is the volume of a single
particle, and k is the wavelength of light. Therefore, to minimize scattering, the par-
ticlesmust be as small as possible with an index of refraction as close as possible to that
of the matrix material. This equation assumes, however, that the particles are much
smaller than the wavelength of light, and if this is not true, Rayleigh–Debye calcula-
tions are required [349].
Relatively good optical clarity has been obtained in many nanocomposites, particu-

larly at low volume fractions. Studies on PMMAmodified with n-dodecylmethacrylate
during polymerization were shown to maintain optical clarity up to 10 wt. % of ben-
tonite [199]. In addition, when exfoliation was achieved in polyimide matrix compo-
sites, the 2 wt. % hybrid was relatively transparent [8] compared to nonexfoliated clay.
A comparison between smectic clays and magadiite (a layered silicic acid) shows that
magadiite results inmuch better optical clarity than smectic clay, probably due to index
of refraction matching [203]. Optically clear nanofilled polyurethanes have also been
prepared [208]. The addition of UV-absorbing nanoparticles have been used to create a
clear coating on polymers to prevent degradation Figure 2.45 shows a quantitative
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example of the transmission achieved in nanoscale alumina/gelatin nanocomposites
as a function of wavelength [350].

2.5.5.3 Refractive Index Control

Preparation of clear nanocomposites with refractive indices over the entire range of<1
to>3.9 is possible, and these values are by far the lowest and highest ever achieved for
any polymer system. An excellent example of the use of nanoparticles to obtain a spe-
cific index of refraction was presented by Zimmerman et al. [351]. They found that the
index of refraction scaled closely with the volume fraction of lead sulfide nanoparticles
in a gelatin matrix. Indices of refraction as high as 3.9 were obtained [352]. The addi-
tion of nanoscale iron sulfide to polyethylene increased the index of refraction to be-
tween 2.5 and 2.8 [353].

2.5.5.4 Light-Emitting Devices

After the discovery of electroluminescence from conjugated polymer materials (such
as PPV), polymer-based light emitting diodes (LEDs) have attracted much attention.
The practical advantages for polymer-based LEDs are low cost, low operating voltage,
ease of fabrication, and flexibility. Organic light emitting diodes (OLEDs), however,
suffer from low quantum efficiency and low environmental stability (against oxida-
tion, etc.).
Functionalization of nanotubes and doping of chemically modified nanotubes in

low concentration into photoactive polymers such as PPV can affect the hole-transport
mechanism and hence the optical emission of the polymer. Small loadings of nano-
tubes are used in these polymer systems to tune the color of emitted light from organic
LEDs. Although there have been some initial attempts at quantification of nanotube/
conducting polymer interactions, little has been done to understand how excitonic

0

20

40

60

80

100

300 400 500 600 700 800 900

Wavelength (nm)

T
o
ta

l 
T

ra
n
sm

it
ta

n
ce

 (
%

)

Series3

Series4

Series5

Series6

Unfilled Gelatin

Micron alumina Filled Gelatin

Refined Nanoscale Alumina Filled Gelatin

As Received Nanoscale Alumina Filled Gelatin 

Fig. 2.45 Optical transmittance vs. wavelength for a nanoscale alumina-filled

gelatin at 17 wt. percent filler. (Thanks to G. Irvin, Q. Chen for this figure [350])

2.5 Properties of Composites 141141



transport in a polymer might be modified by the presence of a high-aspect 1D metal
such as a carbon nanotube. Recently, Ago et al. [354] proposed ‘hole collecting’ proper-
ties of multi-wall carbon nanotubes from a conjugated polymer at the composite inter-
facial region. Such hole collecting properties seem to be common in some conjugated
polymers. Specifically, SWNTs in a polymer matrix trap holes injected from the anode
in OLEDs [355].
The addition of layered silicates may combat the low quantum efficiency and poor

stability to oxygen and moisture of OLEDs [356]. Devices made from organically mod-
ified clay and (poly[2-methoxy-5-(2’-ethyl-hexyloxy)-1,4-pheneylenevinylene]) (MEH-
PEV) posses an external quantum efficiency 100 times that of the pure polymer
(�0.38% photons/electron) [357]. The composite also shows increased photolumines-
cence efficiency, due to increased excitation within the two-phase composite.
The addition of equi-axed nanoparticles to electroluminescent polymers also in-

creases current densities, radiances, and power efficiencies. When nanoscale titania
and silica were added to MEH-PPV, the current density and light output increased by
an order of magnitude at low driving voltages [358]. Lifetime was sacrificed slightly.
The explanation for the improvement at low voltages was that the nanoparticles created
a high surface area contact with the cathode and thus improved charge injection into
the polymer. The improvement at high voltages may be due to the thin regions of
MEH-PPV that exist between the nanoparticles. This creates regions of higher current
density and thus higher light output. Nanoparticles can also lead to changes in the
color of emitters. For example, CdSe/polymer nanocomposites emit blue light [359].

2.5.5.5 Other Optical Activity

The dispersion of metal particles into liquids or polymers leads to interesting absorp-
tion spectra that can be controlled by changing the metal used, the particle size, degree
of dispersion, and the polydispersity of the particle size [360]. This has provided an
impetus to look for new applications of nanocomposites in areas such as optoelectro-
nic devices, nonlinear optical devices, and color filters. In these applications, the metal
particle and/or the polymer matrix can be active optical components.
If theparticle is theoptically functioning component, then theoptical properties of the

compositematerial canbe tunedbyadjusting theparticle sizeand theaverage separation
between particles. The polymer in these situations plays the role of stabilizing the
nanoparticles. It is often possible to create ordered arrays (2D or 3D) of nanoparticles
in the polymermatrix. This involves size-selective deposition of nanoparticles, aswell as
surface modification of the particles to prevent agglomeration during processing. An
example of a transparent, mechanically stable nanocomposite film is a continuous
periodic array of self-assembled thiol-passivated Ag nanocrystals in a polystyrene ma-
trix. The film is formed at an air–water interface by the Langmuir–Blodgett technique.
The spatial distribution of particles in the film is altered by changing the thickness of the
film. The films so produced have applications in optical filters [361].
The addition of relatively monodisperse silver particles to polyethylene, followed by

drawing them into films has led to anisotropic absorption of light and a color that
depends on the polarization of incident light [362]. In addition, annealing the com-
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posite led to further changes in color, giving and added dimension of control. The
silver particles formed pearl-necklace type strings upon drawing, which gave rise
to anisotropy. The films were easy to process, strong, and flexible.
Interesting nonlinear optical activity has also been obtained with nanoparticle-filled

polymers. For example, by using Cr:forsterite (Cr:Mg2SiO) in a polymer with a
matched index of refraction, relative optical amplification was achieved [343]. Unfor-
tunately, large particles, cracks in the films, and poor coupling to the electronics lim-
ited the gain obtained. The authors suggested that cubic materials with isotropic op-
tical properties might be most appropriate for such applications.
The optical limiting behavior of polymer nanocomposites has been investigated, a

good example being nanotube filled polymer composites [363]. Polymerization of

Fig. 2.46 Typical change in transmittance of clay-filled nematic liquid crystals

(cell gap 12 lm) due to various fields: (a) electric field and shearing liquid at liquid

crystalline temperature (about 25 8C), (b) thermal change. Reprinted with per-

mission from [193]
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phenylacetylene in the presence of short nanotubes yields a solvated product of tubules
wrapped with poly(phenylacetylene). The optical limiting properties of this composite
are excellent and far better than those of the pristine polymer and of polymer filled with
other carbon structures. These composites also fare well in photovoltaic applications,
suggesting that such nanocomposites could find an array of potential applications in
optics-related and laser-based technologies [363].
Liquid crystalline materials have an interesting optical behavior that changes with

electric field and with temperature. The addition of intercalated smectic clay to ne-
matic liquid crystals added a memory effect to their behavior [193, 194]. Upon imposi-
tion of an electric field, the initially opaque composite became transparent. When the
electric field was removed, the composite remained transparent (with a slight decrease
in transparency). When heated so as to return to the initial state, the composite instead
went into a new state (Memory State II) with light transmittance between that of the
initial state and the first memory state (Figure 2.46).

2.6

Summary

The primary purpose of this chapter was to introduce common types of fillers used in
nanocomposites, to emphasize the role of the interfacial region, to provide a basic level
of understanding of how nanocomposites are currently processed, and to excite the
reader about the multifunctional and as yet incompletely explored properties of nano-
filled polymers.
Today, our ability to control the structures and properties of nanocomposites is

limited only by our current understanding of how tomanipulate these nanoscale struc-
tures. This area of research will clearly lead to fruitful commercial applications, with
significant economic effect, driven by materials with new combinations of properties.
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